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Project  Summary 


In  an  effort  to  understand  the  detailed  mechanisms  involved  in  the  plastic  deformation  of 
crystalline  materials,  the  atomic  level  stmcture  of  dislocations  has  been  studied  in  B2  ordered 
intermetallic  alloys.  High  resolution  electron  microscopy  (HREM)  has  been  used  to  directly 
image  dislocation  cores  in  NiAl,  CoAl  and  FeAl  alloys.  Alloys  have  been  studied  with 
stoichiometric  and  non-stoichiometric  compositions.  The  observed  structures  have  been  related 
to  the  mechanical  behavior  observed  in  these  alloys.  The  experimentally  observed  dislocation 
core  structures  have  been  compared  to  theoretical  structures  modeled  (under  ONR  support)  by 
Prof.  D.  Farkas.  This  has  led  to  a  critical  analysis  of  the  model  structures  and  improvement  in 
the  modeling  approaches,  in  particular  for  non-stoichiometric  alloys. 
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The  primary  objective  of  this  study  it  to  gain  a  better  understanding  of  the  structure  of 
dislocations  in  B2  alloys  and  to  relate  this  understanding  to  the  observed  mechanical  behavior 
of  these  alloys.  The  details  of  this  work  has  been  documented  in  a  number  of  technical  papers 
which  are  included  at  the  end  of  this  report.  This  report  will  summarize  these  results  by 
outlining  the  highlight  of  the  research.  Additionally,  a  summary  of  the  technical  presentations 
and  research  publications  is  included,  along  with  a  listing  of  the  personnel  involved  in  the 
program  and  resulting  educational  degrees. 


INTRODUCTION 


Dislocation  Core  Structures 

It  has  been  known  for  some  time  that  the  deformation  behavior  of  materials  at  low  to 
moderate  temperatures  is  controlled  by  the  motion  of  dislocations.  In  turn,  the  motion  of 
dislocations  is  dictated  by  the  atomic  level  structure  of  the  dislocations.  This  "core  structure" 
has  thus  been  an  area  of  keen  interest  in  understanding  the  mechanical  behavior  of  materials. 
For  example,  the  deformation  behavior  of  bcc  metals  has  been  rationalized  [1]  based  on  the  core 
stmcture  of  1/2<111>  screw  dislocations  which  relax  with  a  three  fold  symmetry  resulting  in  a 
non-planer  structure. 

The  structure  of  dislocations  cores  has  been  examined  using  theoretical  models  such  as 
simple  pair  potential  models,  volume  dependent  pair  potential  models  and  the  embedded  atom 
method.  These  computational  approaches  have  been  used  to  model  dislocations  in  bcc,  Llj  and 
B2  alloys  [2-11]  resulting  in  a  wide  variety  of  core  structures  for  different  dislocations. 

While  theoretical  modeling  of  dislocation  cores  in  metals  has  been  extensive,  only  limited 
experimental  observations  have  been  reported.  This  is  due  to  the  fact  that  only  recently  have 
microscopes  with  atomic  level  resolution  become  available.  Examples  of  experimental  studies 
of  dislocation  cores  in  LI2  are  given  in  [12-13].  These  studies  reveal  that  experimentally 
observed  stmctures  do  not  always  agree  well  with  predicted  model  structures.  Thus  in  order  to 
have  complete  confidence  in  the  computational  approach  to  understanding  dislocation  cores,  more 
interaction  between  experimentalist  and  modelers  is  need. 

Overview  of  B2  Aluminides 

While  the  B2  intermetallic  aluminides  are  of  interest  as  potential  materials  for  moderate 
to  high  temperature  structural  applications,  these  materials  also  make  an  interesting  class  of 
materials  to  study  dislocation  cores.  While  these  materials  are  generally  considered  to  have  low 
ductilities  and  toughnesses  at  ambient  temperatures,  there  are  variations  in  the  mechanical 
behavior  and  observed  dislocations  which  make  them  of  interest. 

NiAl  and  CoAl  have  high  moduli  (230  GPa  and  296  GPa  respectively),  and  almost 
identical  melting  temperatures  (1913  K  and  1921  K)  and  lattice  parameters  (0.288  nm  and  0.286 
nm)  [14].  Both  of  these  alloys  deform  predominantly  through  the  motion  of  <100>  dislocations, 
with  other  dislocations  such  as  <1 1 1>  and  <1 10>  occasionally  being  observed  [15-23].  However, 
significant  differences  in  the  mechanical  behavior  of  these  two  alloys  have  been  reported.  While 
limited  ambient  temperature  tensile  ductilities  have  been  reported  in  NiAl  [24],  CoAl  is  believed 
to  be  completely  brittle  at  these  temperatures.  The  most  striking  difference  in  these  alloys  is  at 
higher  temperatures  where  the  creep  strength  of  CoAl  is  as  much  as  1.5  orders  of  magnitude 
greater  than  NiAl  [25-27].  This  is  despite  the  fact  that  the  self  diffusion  rates  in  these  alloys  are 


similar  at  the  tested  temperature  [25],  suggesting  that  fundamental  differences  in  dislocation 
mobility  may  be  involved.  Another  interesting  feature  of  the  mechanical  behavior  of  NiAl  and 
CoAl  is  that  the  strength  increase  dramatically  at  the  composition  is  shifted  away  from  the 
stoichiometric  50at.%Al  composition  [28]. 

The  mechanical  behavior  of  FeAl  differs  greatly  from  that  observed  in  NiAl  and  CoAl. 
First,  FeAl  has  its  greatest  strength  at  or  near  the  50at%  composition.  Fe-rich  deviations  from 
stoichiometry  (note  Al-rich  deviations  move  the  alloy  out  of  the  single  B2  phase  field)  result  in 
dramatic  decreases  in  strength.  In  fact,  substantial  ductilities  can  be  achieved  in  Fe-rich  alloys 

[29] .  Unlike  NiAl  and  CoAl,  the  room  temperature  deformation  is  dominated  by  <11 1> 
dislocations  in  FeAl  [30,31].  However,  a  shift  to  <100>  slip  is  observed  at  moderate  temperature 

[30] . 

Research  Objectives 

Because  of  the  differences  in  mechanical  behavior  between  the  different  B2  aluminides 
and  because  changes  in  stoichiometry  play  a  significant  role  in  the  mechanical  response  of  these 
materials,  the  objective  of  the  present  program  has  been  to  characterize  the  role  dislocation  core 
structure  plays  in  the  behavior  of  these  alloys.  In  order  to  observe  the  core  structure  of  these 
dislocations,  high  resolution  electron  microscopy  [HREM]  has  been  employed  to  directly  image 
the  atomic  structure  of  some  of  the  dislocations  involved  in  the  deformation  of  these  alloys.  It 
should  be  noted  that  experimental  constraints  of  the  HREM  technique  limit  types  of  dislocation 
which  can  be  observed.  This  study  has  focused  primarily  on  the  <100>  dislocations  in  NiAl, 
CoAl  and  FeAl  deformed  at  elevated  temperature.  In  addition  to  stoichiometric  alloys,  this  study 
has  examined  a  number  of  non-stoichiometric  alloys  to  explore  the  role  alloy  composition  plays 
in  determining  the  core  structure. 

A  critical  aspect  of  this  program  has  been  comparison  of  experimental  images  with 
theoretical  models.  Parallel  to  the  present  program,  Professor  D.  Farkas  of  Virginia  Polytechnic 
Institute  has  been  working  under  an  ONR  grant  performing  EAM  calculations  of  dislocations  in 
these  materials.  Significant  interaction  between  her  group  and  the  MSU  group  has  taken  place 
in  order  to  make  critical  comparisons  between  theoretical  and  experimentally  observed  structures. 
Comparisons  have  been  made  by  using  the  model  structures  as  a  basis  for  HREM  image 
simulation.  This  has  lead  to  considerable  feedback  on  the  modeling  procedures  and 
improvements  in  the  modeling  approaches. 


RESEARCH  HIGHLIGHTS 


As  noted  above,  reprints  of  technical  papers  which  give  the  details  of  the  present  work 
are  attached  to  this  report.  These  papers  include  high  quality  images  of  the  dislocation  cores 
observed  in  this  study,  and  consequently,  additional  images  are  not  given  in  the  body  of  this 
report.  However,  a  written  summary  of  the  research  highlights  will  be  given. 

Dislocation  Cores  in  NiAl 

The  dislocation  which  best  lends  itself  to  core  examination  in  NiAl  alloys  is  the  <100> 
edge  dislocations  which  glide  on  (001]  planes.  The  resulting  line  direction  is  a  <010>  type, 
which  allows  the  crystalline  lattice  to  be  resolved  down  a  low  index  zone  while  revealing  the 
edge  components  of  the  dislocations.  These  <100>(001}  edge  dislocations  are  commonly 
observed  in  NiAl  deformed  at  moderate  to  high  temperatures,  and  appear  to  be  critical  to  the 
deformation  of  these  materials.  Additionally,  this  same  dislocation  type  is  observed  in  CoAl  and 


FeAl  alloys  under  various  conditions,  allowing  comparison  of  the  cores  to  be  carried  out  in  a 
systematic  manner. 

The  <100>{001}  edge  dislocation  core  in  stoichiometric  Ni-50at%Al  was  found  to  be  a 
compact  core  with  no  visible  dissociation  in  to  partial  or  fractional  dislocations.  That  is,  the 
dislocation  has  a  narrow  core,  with  most  of  the  displacements  located  close  to  the  center  of  the 
dislocation.  No  significant  displacements  normal  to  the  slip  plane  were  observed.  When 
compared  to  the  theoretical  structure  modeled  by  D.  Farkas,  this  dislocation  core  is  in  good 
agreement. 

In  order  to  examine  the  effect  of  alloy  stoichiometry,  Ni-48at%Al  and  Ni-52at%Al  were 
examined.  In  these  cases,  the  <100>{001}  edge  dislocation  cores  were  found  to  be  wider,  with 
significant  displacements  occurring  a  few  atomic  planes  from  the  center  of  the  dislocations. 
Also,  in  contrast  to  the  cores  observed  in  the  stoichiometric  alloy,  substantial  displacements 
normal  to  the  slip  plane  were  observed.  The  non-planer  nature  of  the  displacements  in  these 
cores  may  be  associated  with  the  increased  strength  and  hardness  in  these  non-stoichiometric 
alloys.  In  an  effort  to  model  these  changes  in  structure  resulting  from  changes  in  composition, 
D.  Farkas  computed  cores  with  changes  in  chemistry  at  the  center  of  the  core,  as  the  center  of 
the  core  should  be  the  most  energetically  favorable  site  for  substitutional  atoms.  This  approach 
did  not  however  lead  to  changes  in  model  core  structure  consistent  with  the  experimentally 
observed  structures.  Consequently,  D.  Farkas  has  developed  more  complex  models  for  off 
stoichiometric  alloys  which  account  for  random  substitutional  atoms  throughout  the  structure  in 
addition  to  local  chemistry  changes  in  the  core  region.  These  more  computational  intensive 
models  appear  to  more  accurately  reflect  the  experimentally  observed  structures  in  these  non- 
stoichiometric  alloys. 

Dislocations  in  CoAl 

Because  the  general  aspects  of  deformation  and  dislocations  in  deformed  single  crystal 
B2  CoAl  alloys  have  not  been  investigated  previously,  prior  to  undertaking  an  analysis  of 
dislocation  cores  in  these  alloys,  it  was  necessary  to  examine  the  general  aspects  of  single  crystal 
slip  in  these  alloys.  These  studies  revealed  that  many  of  the  deformation  characteristics  in  single 
crystal  CoAl  are  similar  to  NiAl.  However,  at  moderate  temperatures,  in  addition  to  <100> 
dislocations,  significant  numbers  of  <110>  and  <11 1>  dislocations  are  also  active.  At  higher 
temperatures,  <100>  are  typically  observed  forming  junctions  with  <110>  dislocations. 

The  <100>{001}  edge  dislocation  cores  in  CoAl  were  in  many  ways  similar  to  those 
observed  in  NiAl.  In  the  stoichiometric  Co-50at%Al  alloy,  the  cores  were  again  compact  with 
no  evidence  of  dissociation.  Again,  no  significant  displacements  normal  to  the  slip  plane  were 
observed.  Thus,  based  on  the  observed  structures,  there  are  no  clear  reasons  for  the  higher 
strength  observed  in  CoAl.  The  enhance  strength  may  be  solely  a  result  of  higher  bond  strength 
which  should  result  in  increased  resistance  to  dislocation  slip. 

The  dislocation  cores  observed  in  the  off-stoichiometric  Co-Al  alloys  were  somewhat 
different  than  those  observed  in  the  Ni-Al  alloys.  All  of  these  observed  cores  were  very 
compact,  characterized  by  very  narrow  cores.  However,  like  the  non-stoichiometric  Ni-48at%Al 
and  Ni-52at%Al  alloys,  significant  displacements  normal  to  the  slip  plane  were  observed.  In 
particular,  very  large  displacements  normal  to  the  slip  plane  were  observed  in  Co-52at%Al.  It 
should  be  noted  of  all  the  alloys  tested  Co-52at%Al  displays  the  highest  strength. 

Dislocation  Cores  in  FeAl 

The  dislocation  cores  observed  in  the  B2  FeAl  alloys  were  significantly  different  than 
those  observed  in  NiAl  and  CoAl.  While  <100>{001 }  edge  dislocation  cores  were  imaged,  their 


structures  revealed  significant  dissociations.  Some  of  the  observed  structures  displayed 
significant  glide  dissociations  in  the  {001}  glide  plane.  However,  a  greater  number  of  the 
observed  cores  revealed  substantial  climb  dissociation  components.  That  is,  the  dislocations  were 
observed  in  configurations  which  could  only  be  achieved  by  the  incorporation  of  vacancies  into 
the  core  region  of  the  dislocation.  While  these  structures  are  significantly  different  than  those 
observed  in  CoAl  and  NiAl,  the  fact  that  climb  dissociation  is  readily  observed  in  the  FeAl  alloys 
may  not  be  surprising.  It  is  well  known  that  excess  thermal  vacancies  can  lead  to  significant 
strengthening  of  FeAl  alloys  cooled  from  elevated  temperatures  [32].  However,  the  exact 
mechanism  have  not  been  clear.  The  results  of  the  present  study  indicate  that  excess  vacancies 
are  easily  incorporated  in  to  the  dislocations  in  these  materials.  The  resulting  structures  are  in 
configurations  which  cannot  slip  without  re-associating  into  planer  configurations.  That  is,  as 
a  result  of  the  climb  dissociation  observed  in  the  present  study,  the  dislocations  become 
immobile,  and  strengthening  should  be  expected. 
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Abstract 

Sinale  crystals  of  Ni-48A1,  Ni-50A1  and  Ni-52A1  have  been  deformed  in  the  1 10 1  ]  orientation.  Slip  trace  and  diffraction 
contrast  Burger's  vector  analyses  have  been  used  to  characterize  the  deformation  characteristics  of  these  alloys.  Ni-50A1 
was  found  to  displav  predominantly  tOOlXlOOl  slip  with  some  limited  '.OOIMIOOI  slip  while  the  non-stoichiometnc 
Ni-48AI  and  Ni-52A1  e.xhibited  a  predominance  of  .00  ni  1001  slip  with  limited  (001'!  1 10!  dislocation  motion.  Direct 
imaging  of  the  (001)|100|  edge  dislocation  cores  by  high  resolution  electron  microscopy  revealed  differences  between 
Ni-50A1  and  Ni-48A1.  Cores  in  the  Ni-48AI  were  found  to  display  significantly  greater  spreading  of  the  cores,  both 
within  and  normal  to  the  slip  plane,  than  for  N'i-50AI.  The  mechanical  behavior  of  these  alloys  is  rationalized  in  terms  of 
these  observations.  Comparison  of  the  experimental  core  images  with  simulated  images  based  on  embedded  atom  models 
or  the  cores  indicates  that  tne  mouels  arc  able  accurately  to  predict  core  structures  m  stoichiometric  alloys,  but  may  have 
some  limitations  m  predicting  structures  m  non-stoichiometric  alloys. 


1.  Introduction 

The  B2  intermetallic  aluminide.s  have  received 
coasiderable  attention  for  their  potential  use  in  high 
temperature  corrosive  environments.  They  po.ssess 
high  melting  temperatures  and  large  concentrations  ot 
.Al.  which  make  for  significant  weight  savings  and 
oxidation  resistance.  However,  these  B2  compounds 
are  inhibited  by  their  lack  of  ambient  temperature 
ductility  and  toughness.  These  restrictions  not  only 
place  limitations  on  possible  applications  ot  these 
materials  but  also  inhibit  the  fabrication  and  forming 
capabilities  of  the  materiais  which  currently  hinders 
their  commercial  development.  1  his  lack  of  toughness 
is  the  result  of  either  an  inherently  low  cleavage  stress 
or  the  inability  to  initiate  significant  pla.stic  flow 
through  the  activation  of  dislocation  slip.  It  is  ot 
interest  to  gain  a  better  understanding  ot  the  mecha¬ 
nisms  which  govern  the  initiation  of  plastic  deforma¬ 
tion  and  the  slip  of  dislocations  in  these  compounds.  .A 
better  understanding  of  the  core  structure  ol  disloca¬ 
tions  found  in  these  materials,  specifically  in  NiAl.  mav 
provide  a  basis  for  the  encouragement  of  the  utilization 
of  intermetallic  aluminide.s.  H.xperimemai  evidence  ot 
the  dislocation  core  structure  mav  tiiso  provide  a  better 
understanding  oi  how  the  core  influences  the  deforma¬ 
tion  properties  or  B2  ordered  materiais  in  general. 

The  motion  of  screw  dislocations  with  12  111. 
Burger's  \ectors  has  long  been  known  to  control  the 
mechanical  behavior  of  b.c.c.  tvpe  materials.  The  core 
structure  of  these  screw  dislocations  governs  the 
motion  of  these  dislocations  •I  .  Computer  models 


indicate  that  these  screw  dislocation  cores  relax  with  a 
three  fold  symmetry  resulting  in  a  non-planar  core 
geometry  1 2-51.  In  order  for  the  dislocations  to  slip  and 
cause  plastic  flow,  this  non-planar  core  mu.st  be  trans¬ 
formed  to  a  planar  configuration  for  the  dislocation  to 
move  on  any  given  slip  plane.  The  stress  necessary  to 
transform  this  core,  which  is  directly  responsible  for 
critical  resolved  shear  stress  iCRSSi.  is  the  controlling 
factor  in  the  plastic  deformation. 

Using  pair  potential  models,  several  investigators 
have  pen'ormed  theoretical  relaxations  to  study  the 
core  structures  of  the  dislocations  observed  in  B2  ctim- 
pounds  i6-10|.  The  core  structure  of  the  12  111 
superpartial  screw'  dislocation  m  the  B2  structure  was 
found  to  be  similar  to  the  three  fold  relaxation  found  in 
the  b.c.c.  structure.  The  overall  dislocation  structure  is 
made  up  of  two  l.UH  1  1  dislocations  separated  by  an 
antiphase  boundary  i.APBi  fi-Nf  However,  there  is 
some  disagreement  as  to  which  slip  plane  these  screw 
dislocations  slip  on.  Ill  dislocations  with  higher 
.APB  energies  have  been  ctilculated  to  slip  on  1  10 
planes  whereas  1  I  1  dislocations  with  lovser  .\PB 
energies  ha\e  been  calculated  to  slip  on  ;  1  12!  planes 
O'.  However,  it  has  been  oisserved  experimentally  that 
1  1 1.  dislocations  slip  on  either  112!  tir  :  1  10'  planes 
legardless  of  the  .APB  energy  ''  Thus,  it  appears  that 
the  complex  interactions  between  the  dislocation  core 
and  APB  energy  arc  not  completely  understood. 

100)  and  >  1 10,'  type  dislocation  studies  can  also  be 
found  in  the  literature  T.  lOi.  Screw  dislocations  oi 
these  types  have  been  found  to  relax  in  planar  lashion 
,m  iO  1  ! !.  Hence  it  is  expected  that  slip  of  these  disloca- 
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tions  should  be  more  easily  activated  than  slip  of  the 
(ill)  screws. 

Unfortunately,  many  dislocation  models  do  not  take 
into  account  differences  in  bond  energy  and  APB 
energy  for  different  B2  systems.  These  models  are 
based  on  pair  potentials  of  a  generic  B2  system  [10]. 
However,  many  B2  alloys  display  significant  differ¬ 
ences  in  mechanical  behavior.  Some  compositions  such 
as  FeAl  slip  with  fill)  dislocations  at  ambient  tem¬ 
peratures  [11-13],  whereas  other  systems  .such  as 
AuZn  display  (TOO)  slip  at  room  temperature  [13]. 
Studies  which  take  into  account  the  individual  .system 
properties  may  make  better  predictions  as  to  the  core 
structure  of  the  dislocations.  For  example  Pasianot  et 
al.  [14]  have  used  volume  dependent  pair  potentials  to 
determine  the  structure  of  (T00){001}  and  (100)1  llOj 
dislocations  in  NiAl  with  a  variety  of  line  directions. 

Manv  studies  have  examined  the  slip  systems  acti¬ 
vated  in  NiAl  using  slip  trace  analysis  and  electron 
microscopy  !15-19|.  finding  that  the  preferred  slip 
systems  involve  <00U  dislocations  moving  on  i  lOOS  or 
{ilOl  planes.  Both  edge  and  screw  character  disloca¬ 
tions  have  been  observed.  Some  investigators  have  also 
shown  the  operation  of  (111)  slip  [20-22].  Like  those 
in  b.c.c.  alloys,  the  dll'  dislocations  are  observed  as 
long  screw  dislocations  with  only  limited  edge  com¬ 
ponent  :2l!.  The  d  1 1'  screw  dislocations  have  been 
observed  predominantly  at  low  temperatures  and  in 
single  crystals  oriented  near  OOF'.  The  inability  to 
observe  readilv  these  dislocations  under  a  variety  of 
deformation  conditions  suggests  that  they  do  not  con¬ 
tribute  extensively  to  the  deformation  of  B2  ordered 
NiAl.  contrary  to  the  disordered  counterpart  b.c.c.  .A 
limited  number  of  1  10'  dislocations  are  also  observed 
in  deformed  NiAl  i  lS.  23.  24:.  Some  authors  iielieve 
these  i  1  O'  dislocations  slip  independently  i  i  8.  23.  24;. 
However,  others  i  191  suggest  that  these  1  Hh-  disloca¬ 
tions  are  formed  through  the  interaction  of  100  type 
dislocations  and  do  not  contribute  to  the  plastic  defor¬ 
mation  of  NiAl. 

It  is  the  objective  of  the  present  study  to  examine  the 
slip  behavior  of  single  crv'stal  Ni/M  as  a  function  ot 
allov  stoichiometry  and  to  image  directly  the  core 
structure  ot  the  lOO'dlOL  edste  dislocations  using 
hisih  resolution  electron  microscopy  iHREM'.  These 
experimental  observations  will  provide  insight  as  to 
how  the  core  structure  influences  the  mechanical 
properties  oi  B2  alloys. 

2.  Experimental  procedure 

Nominallv  stoichiometric  Ni-.^dAl  single  crystals 
were  provided  by  the  Cieneral  Electric  Aircraft 
Engines  Division.  Cincinnati.  OH.  while  Ni-4SA1  and 


Ni-52A1  were  provided  by  the  Naval  Air  Develop¬ 
ment  Center.  'Warminster.  PA.  The  bulk  single  crystals 
were  oriented  to  the  [101]  orientation  using  back 
reflection  Laue  X-ray  diffraction.  Gage  length  com¬ 
pression  specimens  w^ere  cut  to  a  3 ;  1  length  to  width 
ratio  and  ground  to  600  grit  with  SiC  paper.  The  speci¬ 
mens  were  then  final  polished  to  0.1  ,wm  with  diamond 
paste.  Compression  testing  was  performed  at  a  nominal 
strain  rate  of  lO"*  s“'  to  approximately  5%  plastic 
strain  at  673  K  in  a  vacuum  of  lO"  '  Torn 

The  active  slip  planes  were  determined  by  standard 
single  crystal  slip  trace  analysis  using  polarized  light 
optical  microscopy.  The  crystals  were  then  sectioned 
parallel  to  the  slip  plane  with  a  diamond  wafering  saw. 
Following  mechanical  grinding  to  150  /um,  specimens 
for  TEM  analysis  were  electropolished  using  a  twin  jet 
polisher  operated  at  1 2  'V  with  a  solution  of  one  part 
HNO,  to  two  pans  methanol  at  a  temperature  of 
-30  °C.  The  dislocation  Burger's  vectors  and  line 
directions  were  determined  by  standard  g'b  =  0  dif¬ 
fraction  contrast  analysis  and  trace  analysis  performed 
on  a  Hitachi  H-800  transmrssion  electron  microscopy 
operated  at  200  k'V. 

Once  the  line  direction  and  character  of  the  disloca¬ 
tions  were  determined,  another  set  of  [101]  single 
crystals  deformed  under  identical  conditions  were  sec¬ 
tioned  perpendicular  to  the  [010]  line  direction  of  the 
edge  dislocations  with  a  Burger's  vector  of  [001]  on  the 
;  100)  plane.  These  sections  were  prepared  by  HREM 
examination  in  the  same  manner  as  outlined  above. 
The  samples  were  examined  at  350  kV  under  phase 
contrast  conditions  in  a  JEOL  4000EX  high  resolution 
TEM  to  image  the  dislocation  core  structure  directly. 

Simulation  of  high  resolution  images  of  the  core 
Ntructure  of  lOO'idlOl!  edge  dislocations  was  per¬ 
formed  usimi  the  E.VIS  software  package  1,25].  These 
simulations  were  based  on  embedded  atom  models 
EAM)  of  dislocations  in  NiAl  provided  by  D.  Farkas 
[26].  A  number  of  core  configurations  with  local  struc¬ 
ture  vartations  were  simulated  including  stoichiometric 
NiAl.  excess  Ni.  exce.ss  Al.  Ni  vacancy.  ,A1  vacancy  and 
switched  positions  for  the  Ni  and  Al  atoms.  The  EAM 
models  were  performed  with  a  super  cell  which  was 
two  B2  cells  thick  in  the  periodic  line  direction  of  the 
dislocation.  .As  a  result,  the  local  structure  variations 
have  a  periodicity  of  twice  the  lattice  parameter  in  the 
beam  direction.  For  example,  the  Al  vacancy  results  in 
everv  other  Al  atom  missing  at  the  edge  of  the  extra 
half  plane  of  the  dislocation. 


3.  Results 

The  lion  compression  axis  was  chosen  for  this 
studv  in  an  effort  to  enhance  the  cube  lOODilOOl  slip 
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with  a  Schmid  factor  of  0.5  and  minimize  the 
OOl/jllO}  slip  with  a  Schmid  factor  of  0.354.  The 
reasons  for  this  will  be  explained  later.  Examination  of 
the  compressed  specimens  showed  a  number  of  differ¬ 
ent  sets  of  slip  lines  as  shown  in  Fig.  1.  The  slip  trace 
analysis  revealed  the  presence  of  up  to  four  different 
active  slip  planes.  1 1001  iOOl).  and  a  number  of  1 1101 
types  in  all  of  the  deformed  specimens.  However,  it  is 
important  to  note  that  while  the  { 1 101  planes  appeared 


;  !Li.  i.  Slip  iraccs  mi  ihL?  .i  Icii  aivi  p  Irpiit  tacos  ot  sm^ic 
crt  stal  Ni-.Si  i,\l  Uetormca  at  ii'.7  K.  I  racc  aiiaivsis  indicates  siin 
■  m  I II 1 1  ,  !  I II 1 1  and  .Mil  i’>lancs. 


more  dominant  for  the  Ni-50A1.  the  {1001  planes 
appeared  to  be  more  active  in  the  non-stoichiometric 
Ni-48A1  and  Ni-52A1. 

Consistent  with  the  slip  line  observations.  TEM 
anaiv-sis  of  the  materials  sectioned  parallel  to  the  (001) 
plane  displayed  a  number  of  different  dislocation  types. 
Figure  2  displays  a  typical  area  showing  the  various 
dislocations  imaged  in  the  Ni-50A1.  An  analysis  of  the 
nature  of  these  dislocations  is  given  in  Fig.  3.  The 
substructure  consists  of  three  dislocation  variants,  two 
dislocation  variants  generally  lying  perpendicular  to 
each  other  and  lying  in  the  plane  of  the  foil,  and  a  third 
type  occurring  in  dense  slip  bands  with  the  general 
dislocation  line  direction  inclined  to  the  foil.  The 
dislocations  lying  in  the  plane  of  the  foil  have  been 
identified  Fig.  3)  as  follows.  The  dislocations  labeled 

have  a  Burger's  vector  of  [100]  and  a  line  direction 
of  iOlOj  and  are  thus  pure  edge  dislocations.  The 
dislocations  labeled  a.^  also  have  a  Burger's  vector  of 
ilOOi  but  have  a  zig-zag  dislocation  line  with  an 
average  line  direction  of  approximately  [100]  and  thus 
are  generally  screw  in  nature.  It  would  appear  that 
these  dislocations  are  slipping  in  the  plane  of  the  foil. 
(001 1.  In  addition  to  these  [100]  dislocations.  [001] 
dislocations,  with  edge  segments  lying  in  the  plane  of 
the  foil  and  screw  segments  lying  perpendicular  to  the 
foil,  have  been  observed.  These  dislocations  would  be 


Fia.  I.  Bright  fieid  electron  micrograph  of  a  OOF  section  of 
N'i-.'ii.M  <.lispia\ine  dislocation',  ivine  in  the  foil  with  line  dircc- 
aons  ot  lUU  and  OlO'  and  dense  slip  hands  of  dislocations 
Ivint:  inclined  to  the  foil. 
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l  isi.  3.  Diffraction  contrast  analssis  oi  the  dislocations  shown  in  hie.  3.  Iidae  ciislocations  i\ina  in  the  001  pianc  iahcled  a,  have  a 
ihiracr  s  sector  ot  i  1001  and  a  line  diiccnon  oi  oin  .  Tlie  screw  dislocations  oi  this  Burner  s  vector  with  a  line  direction  of  i  1(I0|  are 
hibeied  a  .  Dislocations  labeled  b  arc  on  |  aiui nr  1  io  dislocations  siippme  in  the  110  planes  activated  in  the  101  orientation. 


siippinc  in  the  '  100)  plane  perpendicular  to  the  plane 
of  the  foil.  It  ha.s  not  been  possible  to  characterize 
onambicuouslv  the  dislocations  associated  'A'ith  the 
dense  slip  bands  i labeled  b  in  Fig.  j  as  tlte.se  disloca- 
oons  show  nartial  invisibilitv  tor  a  number  or  rerlec- 


tions.  Presumably  these  are  I'Ol:  and/or  110) 
dislocations  slipping  in  the  illO!  planes  observed  in 
'.he  slip  trace  anabsis.  I  he  i  lOO!  slip  band  direction  in 
the  dfOl  ■  TEM  foil  would  result  from  the  intersection 
■'1  the  foil  with  either  the  dil  plane  or  the  lOlE 
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plane,  suggesting  slip  was  occurring  in  either  or  both  of 
these  planes.  Occasionally  slip  bands  resulting  from  the 
other  two  (1101  slip  planes  which  are  activated  in  the 
>1011  orientation.  1 1 10)  and  ( 110).  are  observ'ed  in  the 
001)  foil.  The  relationships  between  the  active  slip 
planes.  Ime  directions.  Burger's  vectors  and  the  plane 
of  the  foil  are  illustrated  in  Fig.  4. 

Analysis  of  the  dislocations  present  in  the  deformed 
Ni-48A1  reveals  that  the  same  slip  systems  and  dis¬ 
location  types  occur  as  in  the  stoichiometric  Ni-50A1. 
However,  consistent  with  the  slip  line  observations, 
dislocations  slipping  on  the  (00  H  cube  planes  were 
much  more  prevalent  than  in  the  stoichiometric  alloy. 
Likewise,  dislocations  lying  on  the  illO)  planes  were 
not  as  common  in  the  Ni-48A1  alloy.  The  deformation 
structure  of  the  Ni-.52A1  was  similar  to  that  observed 
in  the  Ni-48A1. 

As  discussed  above,  samples  for  high  resolution 
eiectron  microscopy  were  prepared  by  sectioning 
normal  to  the  THOi  direction.  The  reasons  for  this  are 
as  follows.  1 ;  To  e.xamme  a  defect  using  HREM  it  is 
necessary  for  the  defect  to  be  periodic  in  the  beam 
direction  (the  dislocation  line  direction  must  be  parallel 
to  the  beam  direction).  i2)The  defect  must  have  signifi¬ 
cant  displacement  perpendicular  to  the  beam  in  order 
to  be  resolved  screw  components  or  dislocations 
cannot  be  imaged).  Lv-  The  materials  must  be  imaged 
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down  a  low  index  zone  such  that  the  minimum  pro¬ 
jected  interatomic  spacing  is  greater  than  the  resolution 
limit  of  the  microscope  (in  this  case  0.17  nm).  Of  the 
dislocations  present  in  the  deformed  materials,  only  the 
001)U00;  dislocations  meet  all  of  these  criteria.  Selec¬ 
tion  of  the  iOlO]  beam  direction  results  in  both  the 
i  100|(001 :  and  (001  J(  100)  edge  dislocations  appearing 
end  on.  A  typical  bright  field  image  of  this  orientation 
of  the  Ni-50A1  is  shown  in  Fig.  5(a)  along  with  a 
schematic  representation  of  the  dislocation  orienta¬ 
tions  in  the  HREM  foils  tFig.  5vb)). 

Phase  contrast  images  of  the  (001)  edge  dislocation 
cores  of  Ni-50A1  and  Ni-48A1  are  given  in  Figs.  6(a) 
and  6(bi  respectively.  'While  both  of  these  core  struc¬ 
tures  appear  at  first  to  be  similar  in  nature,  some  subtle 
differences  can  be  observed.  Generally,  the  displace¬ 
ments  associated  with  the  cores  in  the  stoichiometric 
allov  were  found  to  be  significantly  more  localized  than 
in  the  .\'i-48Al.  The  spreading  of  the  distorted  core 
region  in  the  slip  plane  is  substantially  wider  in  the 
non-sioichiometric  Ni-48A1.  Additionally,  the  out  of 
plane  displacements  perpendicular  to  the  slip  plane 
and  Burger's  vector  are  much  larger  for  this  non- 
stoichiometric  alloy.  It  should  be  noted  that  the  struc¬ 
ture  and  atomic  displacements  of  the  (001){100l 
dislocation  cores  in  Ni-5()A1  agree  quite  well  with  that 
observed  by  Mills  and  Miracle  [26]  in  deformed 
stoichiometric  NiAl  bicrystals. 

.\tomic  position  maps  of  core  structures  in  Ni-50A1 
plotted  from  atomic  positions  from  Farkas  and  Xie  [271 
and  simulated  high  resolution  images  for  conditions 
near  Scherzer  defocus  are  shown  in  Fig.  7.  The  repre¬ 
sentative  simulations  presented  here  corre.spond  to  the 
i-ame  conditions  or  .sample  thickness  and  defocus.  The 
images  'how  the  differences  in  core  structure  for  the 
chanizes  in  local  stoichiometry,  it  is  esident  from  the 
atomic  displacement  maps  that  while  changes  in  local 
chemistrv  do  result  in  subtle  elianges  in  the  immediate 
vicinity  ot  the  core,  there  is  little  if  any  change  in  the 
displacement  field  more  than  one  or  two  atoms  distant 
from  t'ne  core.  This  is  rerlecied  in  the  image  simulations 
where  only  minor  differences  in  the  image  contrast  are 
noted  in  the  core  region  as  a  result  ot  changes  in  the 
local  stoichiometrw 


4.  Discussion 

It  is  well  esiablished  that  deviations  from  stoichi- 
ometrv  lead  to  large  increases  in  strength  ot  B2  NiAl 
ailovs.  riiis  was  first  noted  hv  Westbrook  i2Si  as  an 
increase  in  hardness  ot  both  Ni-rich  and  Al-rich  NiAl 
relative  to  stoichiometric  Ni.\l.  The  strengthening  was 
.ittnbutea  to  riefect  hardening  owing  to  either  substitu- 
lionai  or  '.acanev  defects  which  increase  with  devia- 
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Bneiu  ;ield  electron  nncroerapn  a.no  i'  ■enemane 
resentatu'in  ot  tltc  olo  seetiein  ot  Ni-^oAl  used  for  HREM. 
M  ;  i.’l  uoii.eaiaate  .one  :--'rmai  to  tne  t  -i  are 

eled  a  .  .'ere\c  orientations  ot  these  eiisioetuions  lie  in  tire 
ne  o;  the  loii  ana  are  labeled  a  , 


A.ms  from  perfect  stoichiometiA'.  i-'ollouing  W'est- 
■'rook's  initiai  rerc>rts.  Ball  and  Smallman  Kb  tind 
i^'iscoe  and  Newev  1“!  found  ihat  de\'iations  irom 
stoichiometry  dram.aticail\'  increase  die  compressive 
vieid  strength  I't  NiAl,  Again,  the  strengthening  \\as 
attributed  to  increases  in  point  defect  concentrations 
with  non-stoichiometnc  .Ni  or  A1  additions.  1  hese 
studies  led  Hahn  tind  \edula  KfE  to  examine  the 
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Fig.  7.  Atomic  position  maps  based  on  EAM  calculations,  and 
representative  HREM  image  simulations  tor  stoichiometric 
NiAl  with  local  variations  in  core  chemistry.  Image  simulations 
are  white  atom  images  tor  near  .Scherzer  conditions  correspond- 
ine  to  a  toil  thickness  of  .'.~4  nm  and  a  deiocus  oi  oil  nm. 


tensile  behavior  of  NiAl  as  a  function  of  stoichiometry. 
The  result  was  that  limited  tensiie  ductility  approxi- 
matelv  2";/')  could  he  achieved  in  essentially  stoichio- 
memc  NiAl  (50.3  ±0.2  at.‘!'o  Ali  while  non-stoichiometnc 
allovs  i47.0,  4d.4.  5  1.3  ±0.2  ai.'’o  Ali  were  e.s.sentially 
brittle. 

The  results  presented  in  the  current  studv  may  help 
to  e.xplain  further  the  role  of  stoichiometry  in  the 
mechanical  behavior  of  these  alloys.  The  slip  trace 
analvsis  and  diffraction  contrast  electron  microscopy 
observtitions  indicate  iliat  00  1  !()()'  slip  becomes 

preferred  over  OOlfllO!  slip  with  deviations  m 
ehemistrv  from  Ni-50.\1.  (31  greater  significance, 
however,  is  the  observation  of  increased  spreading  oi 
the  dislocation  core,  both  within  the  slip  plane  and 
normal  to  the  slip  plane  as  a  result  of  Ni  rich  devia¬ 
tions.  This  change  in  core  structure  is  expected  to 
affect  the  critical  resolved  shear  stress  lor  the 
OOT/ilUOl  dislocations.  Fhe  core  relaxations  in  the 
slip  plane  act  to  increase  effectively  the  width  of  the 


dislocation  W.  which  is  a  measure  of  the  distance  of 
lattice  distortion  due  to  the  dislocation  [30].  The 
Peierls-Nabarro  stress  (r^.n)  dependence  of  the  dislo¬ 
cation  width  and  the  Burger's  vector  b  has  been  given 
by  Hertzburgi301  as 

where  G  is  the  shear  modulus.  Thus,  an  increase  in  the 
spreading  of  the  core  in  the  slip  plane  would  be 
expected  to  decrease  the  critical  resolved  shear  stress. 
However,  this  effect  may  be  outweighed  by  the  effect  of 
the  core  spreading  normal  to  the  slip  plane.  As  is  the 
case  with  other  out  of  plane  core  dissociations  [9],  it 
will  be  necessary  to  compress  the  core  into  a  planar 
configuration  in  order  to  initiate  slip.  The  overall  affect 
of  the  increased  core  spreading  in  Ni-48A1  should  be 
to  increase  the  stress  necessary  to  move  the  (001){100] 
dislocations. 

It  is  important  to  note  that  although  the  core  struc¬ 
ture  of  the  '.OODUOOi  dislocations  observed  in 
Ni-48A1  sugge.sts  it  will  become  more  difficult  to  move 
than  m  the  stoichiometric  Ni-50A1.  the  slip  line  and 
diffraction  contrast  observations  indicate  that  the 
001)1 1001  dislocations  m  fact  become  easier  to  move 
relative  to  the  other  dislocations  in  the  system.  Thus 
while  the  OODjlOO!  dislocations  are  undergoing  a 
chance  in  core  structure  with  stoichiometry,  it  may  be 
that  the  other  dislocations,  such  as  the  (001){110} 
dislocations,  are  undergoing  a  more  dramatic  change  in 
core  structure  which  affects  their  mobility  more  signifi¬ 
cantly. 

Because  core  structures  are  often  studied  by  com¬ 
puter  simulation  techniques,  it  is  valuable  to  compare 
the  experimental  observations  with  model  structures. 
The  atomic  position  maps  shown  in  Fig.  7  show  that 
I, he  E.A.M  models  allow  for  detailed  study  of  the  fine 
structural  chances  in  the  cores  resulting  from  local 
chemistrc  chances.  These  structural  changes  are  some¬ 
what  apparent  on  the  corresponding  image  simulations. 
However,  when  these  images  are  compared  with  the 
experimental  core  images,  it  becomes  clear  that  these 
fine  details  may  be  lost  in  the  background  noise.  When 
the  atom  positions  in  the  experimental  images  are 
carefullv  compared  with  the  image  simulations  by 
overlavinc  imaces  and  measuring  displacements,  it  is 
found  that  the  image  simulations  do  in  fact  match  the 
core  structure  of  the  stoichiometric  Ni-50A1  very  well. 
This  coniirms  the  F.VM's  ability  to  determine  the 
■•iverall  structure  of  the  dislocation  cores  in  the  stoichi¬ 
ometry  alloy  and  the  results,  not  only  for  the 
OOl  o  100}  dislocations  but  other  dislocations  as  well, 
.should  be  accurate.  Unfortunately,  the  EAM  model 
has  not  been  able  to  predict  accurately  the  changes  in 
core  structure  and  spreading  which  occur  as  a  result  of 
deviations  m  alloy  stoichiometry.  The  current  model 
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has  attempted  to  simulate  changes  in  alloy  stoichi¬ 
ometry  by  varying  the  chemistry  only  at  the  core  of  the 
dislocation.  A  more  accurate  model  may  be  not  only  to 
vary  ihe  local  core  chemistry,  but  also  to  adjust  the 
alloy  stoichiometry  by  introducing  point  defects  at 
random  lattice  sites  throughout  the  entire  supercell.  In 
practice,  this  may  be  difficult  to  perform  accurately  due 
to  the  very  large  supercell  which  would  be  required.  In 
the  current  model  a  supercell  which  was  two  B2  cells 
thick  in  the  periodic  direction  of  the  dislocation  was 
used  for  the  EAM  simulations.  If  random  substitu¬ 
tional  defects  were  introduced  into  such  a  supercell, 
the  defects  would,  in  effect,  occur  as  defect  lines  in  the 
periodic  direction.  To  overcome  this,  it  would  be 
necessary  to  simulate  a  much  thicker  supercell  in  order 
to  achieve  a  reasonable  approximation  of  a  random 
off-stoichiometric  alloy.  Because  of  the  computation 
limes  involved  with  such  a  large  supercell.  the  EAM 
nodel  and  other  modeling  techniques  may  not  be 
’'■racticaiiy  suited  for  examining  the  changes  in  core 
'tructure  which  occur  as  a  result  of  variations  in  alloy 
>toichiometry. 


5.  Conclusions 

1:  The  deformation  behavior  of  'Kill  oriented 
single  crystal  Ni-48A1.  Ni-50Al  and  Ni-52.M  has 
been  characterized  by  slip  trace  analysis  and  standard 
diffraction  contrast  Burger's  vector  analysis.  While  all 
three  compositions  deform  by  a  combination  of 
dOr  10(b  and  dODillO!  slip,  stoichiometric 
Ni-5(i.Al  displays  a  predominance  of  OOril  lOS  slip 
■vhile  the  non-stoichiometric  alloys  showed  a  prefer- 
.ncc  lor  o(M  !  1  O'  slip. 

2  HRE.M  imaging  ot  the  cores  Of  (H)  I  100;  edge 
.iisiocaiions  revealed  significantly  greater  spreading  oi 
he  core  dispiacements  both  within  anu  normal  to  the 
slip  plane  for  Ni-4<SA1  than  for  Ni-50A1.  This  suggests 
that  001  100;  slip  and  possibly  other  dislocation  slip 

mechanisms  will  be  more  difficult  to  activate  in  non- 
loichiometnc  alloys. 

Comparison  of  experimental  core  images  with 
'imuiaicd  iinaaes  based  tm  E.A.M  models  indicates  that 
he  models  predict  the  core  structure  accuratelv  for  the 
Moichiomctnc  alloy,  but  are  limited  in  their  abilitv  to 
ienict  core  structures  in  non-stoichiometnc  ailovs. 
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ABSTRACT 

The  deformation  characteristics  of  the  B2  intermetallic  alloys  NiAl  and  CoAl  have, 
been  examined  using  single  crystals  deformed  at  673  K  in  the  <110>  orientation.  Slip  tr^: 
analysis  and  transmission  electron  microscopy  was  used  to  characterize  the  deformation 
process.  While  many  aspects  of  the  deformation  are  similar,  some  distinct  differences  were 
observed.  All  of  the  alloys  were  found  to  deform  by  <00 1>  slip.  NiAl  was  found  to  deform 
by  slip  on  a  combination  of  {110}  and  {100}  slip  planes  with  the  predominant  slip  plane, 
being  a  function  of  alloy  stoichiometry.  In  contrast,  CoAl  was  found  to  deform  by  slip  only 
on  (100)  planes. 
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In  the  search  for  new  high  temperature  structural  materials,  the  B2  aluminides  havei  2  ^ 

—  received  considerable  attention  due  to  their  high  melting  temperatures,  moderate  densities  andi  c/3  r* 

— ‘potential  for  excellent  oxidation  and  corrosion  resistance.  Of  these  B2  alloys,  NiAl  hasi 
received  the  most  attention  (for  review  see  [1]).  FeAl  has  also  received  a  considerable  amount: 
of  research  attention.  However,  (2oAl  has  been  the  focus  of  very  few  investigations.; 
Presumably,  this  is  due  to  the  reputation  CoAl  has  for  extreme  brittleness.  i 

In  many  respects  CoAl  and  NiAl  are  very  similar.  Both  of  these  materials  form  the! 

B2  structure  via  a  congruent  melting  point  and  have  a  wide  range  of  solubility.  The  resulting; 

structures  are  almost  identical  in  terms  of  melting  temperature  (1932  K  for  NiAl  and  19211 . 

K  for  CoAl)  and  lattice  parameter  (0.288  nm  and  0.286  nm  respectively  [2,3]).  Consequently, | 
the  densities  arc  also  similar,  5.92  g/cc  for  NiAl  versus  6.08  g/cc  for  CoAl  [2,3]  for  thei 
stoichiometric  alloys.  ! 

Despite  these  similarities,  significant  differences  are  noted  between  the  mechanicail-  -  ^ 

behavior  of  NiAl  and  CoAl.  These  differences  were  first  noted  by  Westbrook  [4]  who  -  ^ 

measured  the  hardness  of  single  crystals  of  B2  aluminides.  While  NiAl  and  CoAl  both  display  ~ 
increases  in  hardness  with  deviation  in  alloy  stoichiometry  from  50  at%  Al,  Westbrook  found 
that  CoAl  is  significantly  harder  than  NiAl  at  temperatures  ranging  from  room  temperature  , 
to  1073  K.  Additionally,  the  hardness  of  CoAl  was  found  to  increase  at  a  greater  rate  with  — 
deviations  from  perfect  stoichiometry.  The  higher  hardness  of  CoAl  is  reflected  in  yield  — 
strength  measurements  recently  performed  by  Fleisher  [5]  on  a  wide  range  of  polycrystailine  - 
Co-Al  alloys  tested  at  temperatures  up  to  1223  iK.  When  compared  with  similar  tests  for  NiAl  “ 
polycrystals  [6,7],  it  is  clear  that  the  yield  strength  of  CoAl  is  much  greater  than  NiAl.  ~ 

In  addition  to  being  harder  and  stronger  than  NiAl  at  low  to  moderate  temperatures, _ 

CoAl  also  displays  much.  greicrrcmcp-Strengths.  ^Workingiwith  singic.jcrysials,_Hocking,  _  ^ 

Strutt  and  Dodd  [8]  found  that,  depending  onistress  level,  creep  strain  rates  at  1323  K  were—  " 

at  least  1.5  orders  of  magnitude  greater  in  stoichiometric  NiAl  than  stoichiometric  CoAl.  This~  — 

is  despite  the  fact  that  the  diffusion  rates  for  these  alloys  are  very  similar  at  this  temperature  ~ 

[8].  In  polycrystalline  materials,  Whittenberger  [9]  also  found  CoAl  to  be  much  more  creep  ^ 

resistant  between  1100  K  and  1400  K.  However,  it  was  found  that  the^ magnitude  of  the^' 


difference  in  creep  strain  rate  became  smaUer  at  very  high  temperature  [lUj.  inese|— 
observations  suggest  that  the  enhanced  creep  strength  of  CoAl  may  be  attnbut^  to  ^ferences  j  ' 

in  dislocation  slip  behavior  (and  associated  dislocation  creep)  and  not  the  diffusional  creep! _ 

rate.  These  creep  study  results,  along  with  the:  observed  differences  in  hardness,  indicate  that  I 
there  may  be  significant  differences  in  the  stresses  necessary  to  initiate  dislocation  slip  and 

plastic  flow  in  these  materials.  ' 

The  nature  of  slip  in  B2  NiAl  aUoys  has  been  studied  extensively  [6,11-19].  At 
moderate  to  high  temperatures  NiAl  displays  <1C)0>{001}  and  <100>{011}  slip,  depending] 
on  orientation.  If  NiAl  is  stressed  in  "hard”  orientations  which  inhibit  the  motion  of  <1(X)>! 
dislocations,  <11 1>  slip  may  be  initiated  at  room  temperature  [16,20].  Additionally,  <01 1> 
dislocations  have  been  reported  in  NiAl  [21-22],  although  it  is  not  clear  whether  these 
dislocations  are  involved  in  the  plastic  flow  or  are  the  result  of  interactions  of  <1(X)> 

dislocations.  ^  i 

As  opposed  to  the  large  number  of  slip  studies  in  NiAl,  observations  of  dislocations; 
in  CoAl  have  been  limited  [8^3-25].  Yaney,  Pelton  and  Nix  [24]  found  that  both  <100>  and^ 

<1 1 1>  dislocations  were  present  in  pwiycrystailine  CoAl  extmded  at  1505  K.  Both  the  <100> 
and  <1 1 1>  dislocations  were  observed  with  long,  straight  segments  indicating  that  both  types: 
were  contributing  to  the  plastic  deformation  [24].  Interestingly,  considerable  numbers  of  ^ 
<11 1>  edge  dislocations  were  observed  on  { 110)  planes.  This  is  in  contrast  to  most  bcc  andi 
ordered  bcc  metals,  where  <11 1>  dislocations  are  typically  observed  as  screw  dislocations.  i 
Drelles  [26]  examined  the  deformation  stractures  in  stoichiometric  CoAl  single  ^stal, 
deformed  at  room  temperature.  Except  in  orientations  near  <1 1 1>  where  some  <001>  slip  was 
observed,  the  structure  was  dominated  by  <111>  Burgers  vector  dislocations.  No  examples 
of  <110>  dislocations  have  been  observed  in  CoAl. 

In  order  to  understand  the  pronounced  differences  in  strength  and  plasticity  between 
CoAl  and  NiAl,  the  objective  of  the  current  study  is  to  characterize  the  dislocation 
substructure  in  deformed  single  crystal  CoAl  and  to  contrast  it  with  that  observed  in  deformed 
NiAl.  This  is  pan  of  a  larger  program  devoted  to  the  smdy  of  the  dislocation  core  structure; 
of  B2  alloys,  with  the  goal  of  undentanding  the  differences  in  the  mechanical  properties  of 
these  materials. 

i  ! 

EXPERIMENTAL  PROCEDURE  j 

]■ ' 

Single  crystal  NLAl  and  CoAl,  grown  by  the  Bridgeman  methodr-was-obtained  fromi— 
the  Naval  Air  Development  Center  and  GE  Aircraft  Engines.  The  nominal  composition  ofj 
these  alloys  were  Ni  and  Co  with  aluminum  additions  of  48,  50  and  52  atomic  percent,  Thc| 
crystals  were  oriented  to  the  [011]  orientation  and  sectioned  into  10  X  3.5  X  3.5  mml 
compression  samples.  To  facilitate  slip  tratx  analysis,  the  specimens  were  mechanically  1 
polished  through  0.1  |im  diamond  paste.  Compression  testing  was  performed  at  673  K  in  a| 
vacuum  of  5x10'^  pa.  The  deformation  was  carried  out  at  a  nominal  strain  rate  of  1x10“*  s'^ 
to  approximately  5%  plastic  strain.  ;  r 

Standard  slip  trace  analysis  was  performed  on  the  deformed  samples  to  determine  the! 
active  slip  planes.  Sections  were  then  taken  parallel  to  the  slip  plane  for  TEM  thin  foilf 
.preparation.  Thin  foils  were  prepared  by  thinning  in  a  twin  jet  electropoiisher.  NiAl  samples! 
were  prepared  using  a.  soiutioni'of:  two  parts -methanol  to  onc-part-HNOj -ai_:;30°C  under.  a: 
potential  of  12  volts.  The  CoAl  foils  were  ciectropoiished  at  -20°C  in  a  solution  of  10%i 
■perchloric  acid  in  methanol  at  10  volts.  i  I  ■ 

The  deformation  stractures  were  characterized  using  standard  diffraction  contrast! 
techniques  including  g»b=0  anaiysis.  The  dislocation  line  directions,  slip  planes  and  Burger’s! 

:  vectors  were  determined _ _  _ l _  _ _ 1 


RESULTS  AND  DISCUSSION 


The  [Oil]  orientation  was  chosen  for  the  compression  axis  in  this  study  in  an  effort 
to  enhance  <001>(  100}  slip  for  the  purposes  of  dislocation  core  examination.  Unfortunately, 
this  orientation  may  lead  to  slip  on  a  number  of  different  planes  as  two  <001>{100}  slip 
systems  and/or  up  to  four  <001>{  110}  slip  systems  may  be  activated.  The  slip  trace  analysis 
of  the  deformed  NiAl  single  crystals  revealed  the  presence  of  both  duplex  {100}  and  {101} 
slip  planes  (Fig.  1).  In  the 
stoichiometric  Ni-50A1,  the 
(110)  planes  appeared  to  be 
dominant,  whereas  in  the  off- 
stoichiometric  Ni-48A1  and  Ni- 
52A1,  the  (001}  planes 
appeared  to  be  the  most  active. 

In  contrast,  only  duplex  {001} 
slip  was  observed  in  all  of  the 
CoAl  alloys  as  shown  in  Figure 
2.  In  these  alloys,  the  primary 
effect  of  off-stoichiometric 
deviations  in  chemistry  was  to 
decrease  the  overall  amount  of 
observed  slip.  This  was 
particularly  true  for  the  Co- 
48A1  where  it  was  difficult  to 


Figure  1.  Examples  of  slip  lines  on  two  perpendicular  faces; 
of  deformed  stoichiometric  <110>  NiAl  single  crystal. 


Figure  2.  Examples  of  slip  lines  on  two  perpendicular  faces  of  <110>  single  crystal  CoAl  with 
various  alloy  stoichiometries.  _ _ _ _ _ _ 
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deform  the  materials  beyond  2%  plastic  strain.  This  behavior  corresponds  to  the  increases  in 
hardness  observed  with  increased  deviation  in  alloy  stoichiometry  [4],  In  all  of  the  Co-Al 
compression  samples,  a  significant  kinking  was  observed. 

TEM  examination  of  sections  parallel  to  the  {001}  slip  planes  revealed  a  number  of 
different  dislocation  configurations  in  the  stoichiometric  Ni-50A1  as  illustrated  in  Figure  3. 
Two  types  of  long  straight  dislocations  lying  within  the  plane  of  the  foil  with  line  directions 
of  [100]  and  [001]  were  observed. 

Additionally,  heavy  dense  bands  of 
dislocations  inclined  to  the  foil,  with  an 
overall  band  direction  in  the  foil  of  [001] 
were  observed.  Diffraction  contrast  g»b=0 
analysis  revealed  the  straight  dislocations 
lying  in  the  plane  of  the  foil  were  [001] 
and  [010]  dislocations  with  either  pure 
edge  or  pure  screw  orientations.  These 
dislocations  would  have  moved  primarily 
on  the  {100}  slip  planes.  The  inclined 
dislocations  in  the  thick  deformation  bands 
were  found  to  also  have  [010]  Burgers 
vectors.  These  dislocations  which  were 
predominantly  mixed  in  character  were 
presumably  slipping  on  the  (110)  plane. 

Electron  microscopy  observation  for 
the  Ni-rich  Ni-48A1  and  the  Ni-poor  Ni- 
52A1  alloys  revealed  similar ’types  and 
configurations  of  dislocations.  However, 
consistent  with  the  observed  shift  in  slip 
plane,  these  off- stoichiometric  alloys 
showed  an  increased  density  of  <00 1> 
dislocations  slipping  on  the  { 100}  slip  planes. 

The  deformed  CloAl  samples  were  sectioned  parallel  to  the  [010]  slip  plane  in  the  same 
manner  as  the  NiAl  materials.  The  resulting  observations  for  the  stoichiometric  Co-50A1 
summarized  in  Figure  4.  Dislocations,  many  in  the  form  of  elongated  loops,  are  found  to  lie 
within  the  plane  of  the  foil  and  are  characterized  by  a  general  line  direction  of  [100]. 
Additionally,  significant  numbers  of  dislocations  appear  normal  to  the  foil  with  a  line  direction 
of  [010].  Contrast  analysis  reveals  the  dislocations  lying  in  the  foil  have  Burger’s  vectors  of 
both  [001]  and  [010].  These  dislocations  would  be  edge  dislocations  slipping  on  the  (010)  and 
(001)  slip  planes  respectively.  A  small  number  of  screw  dislocations  with  Burger’s  vector  of 
[001]  have  also  been  observed  in  the  plane  of  the  foil.  The  dislocations  lying  normal  to  the 
plane  of  the  foil  are  a  mixture  of  [010]  screw  dislocations,  corresponding  with  slip  on  the 
(001)  plane,  and  a  small  number  of  [001]  edge  dislocations,  presumably  slipping  or  climbing; 
on  the  (100)  plane.  For  the  conditions  of  [Oil]  deformation  at  673  K,  only  these  <001> 
dislocations  were  observed-  However,  it  should  be  noted  that  <001>,  <110>,  and  <11 1> 
dislocations  have  recently  been  observed  in  CoAl  deformed  at  higher  temperatures  using  a 
<123>  orientation  [27]. 

Analysis  of-thc.  Co--52Al  (figi-S)  revealed  the  same  operative  .dislocations-as  .in  the  i 
stoichiometric  alloy.  Again,  only  [100]  and  [001]  screw  and  edge  dislocations  were  present; 
in  the  defoimed  structure.  Unfortunately,  due  to  the  extreme  brittleness  of  the  Co-48 A1  it  has; 
not  been  possible  to  successfully  prepare  a  thin  foil.  This  difficulty  is  consistent  with  the’ 
increased  hardness  and  limited  slip  lines  observed  in  this  alloy. 

The  results  presentedhere  indicate  that  the  deformation  of  both  NiAl_and„CoAl  alloys 


Figure  3.  Bright  field  micrograph  showing 
deformation  stmemre  of  Ni-50A1. 


Figure  4.  Bright  field  micrographs  illustrating  the  deformation  structure  observed  in 
stoichiometric  Co-50A1. 


deformed  at  673  K  occurs  predominantly  by 
the  slip  of  <001>  dislocations.  With  the 
exception  of  stoichiometric  Ni-50A1,  the 
dominant  slip  plane  is  {100}  for  these  <110> 
onented  single  crystals.  Thus  it  appears  that 
both  the  CoAl  and  NiAl  alloys  are  deforming 
by  essentially  the  same  slip  mechanisms.  In 
order  to  rationalize  the  much  greater  strength 
and  hardness  of  CoAl,  it  must  be  assumed  that 
the  <00 1>  dislocations  arc  fundamentally 
much  harder  to  move.  That  is,  they  have  a 
greater  critical  resolved  shear  stress.  This  5  Bright  held  micrograph  showing  the 

occuis  although  NiAl  and  CoAl  have  the  same  Q^j^ocation  structure  in  deformed  Co-52Al. 
crystal  structure  and  almost  identical  lattice 
parameters,  and  many  of  their  physical 

properties,  such  as  melting  temperature  are  similar.  It  is  likely  that  the  differences  in 
dislocation  slip  behavior  result  from  subtle  differences  in  the  dislocation  core  structures  in 
these  materials.  Recently  [28],  we  have  shown  changes  in  the  core  structure  of  <00 1> 
dislocations  as  a  function  of  stoichiometry  for  B2  NiAl  alloys.  These  differences  have  been 
related  to  changes  in  strength  and  hardness  with  changes  in  stoichiometry  [28].  Currently,  the 
structure  of  the  <00 1>  dislocation  cores  in  CoAl  are  being  examined  to  determine  what  role 
this  structure  plays  in  controlling  the  mechanical  properties  of  this  class  of  alloys. 


u 


(T 


CONCLUSIONS 


’  r;; 

The  deformation  behavior  of  B2  CoAl  and  NiAl  single  crystals  has  been  examined  as  | 
a  function  of  alloy  stoicfaioiii£try_ai  673  K  using  a  <110>  crystal  orientation.  Deformation  tii  i  _ 
NiAl  was  characterized  by  <(X)1>  sUp  on  both  {100}  and  (110)  slip  planes.  A  shift  in  slipj— 
plane  from  predominantly  (110)  for  stoichiometric  Ni-50A1  to  predominantly  (100)  for  off|- 
stoichiometric  Ni-48A1  and  Ni-52A1  was  observed.  Although  the  CoAl  alloys  were  more ; 
brittle  than  the  NiAl  alloys,  the  CoAl  materials  also  exhibited  <00 1>  slip.  The  observed  slip  i 
plane  for  aU  of  the  CoAl  alloys  was  {100}  regardless  of  alloy  stoichiometry.  In  general,  a; 
decrease  in  slip,  corresponding  to  increased  strength,  was  observed  for  deviations  in  chemistry  i 
form  stoichiometry.  ; 
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Abstract 

Stoichiometric  Fe-50A1  and  iron  rich  Fe-40A1  B2  ordered  intermetallic  single  crystals, 
oriented  near  (001),  have  been  compressed  to  approximately  5%  plastic  strain  at  873  K. 
Conventional  transmission  electron  microscopy  revealed  <100>  edge  dislocations  with  <001> 
line  directions.  High  resolution  electron  microscopy  was  used  to  image  the  details  of  the  core 
structure  of  these  dislocauons.  Fe-40A1  <001>{  100}  edge  dislocation  cores  were  found  to  be 
compact  with  little  or  no  evidence  of  core  spreading.  <001>i  100}  cores  in  Fe-50A1  were  found 
in  a  number  of  configurations,  including  glide  dissociation  in  the  slip  plane  and  climb 
dissociation  normal  to  the  slip  plane.  Comparison  with  theoretical  stuctures  revealed  significant 
differences  in  model  and  excerimentailv  observed  structures. 


Introduction 


Dislocation  structures  have  been  studied  extensively  in  B2  alloys  in  order  to  better 
understand  the  ductility  and  fracture  problems  associated  with  this  class  of  materials.  In 
particular,  NiAl  has  received  the  focus  of  many  of  these  studies.  However.  FeAl  and  CoAl 
continue  to  receive  considerable  attention  as  well. 

The  predominant  slip  modes  in  NiAl  [1-6]  are  <100>{001}  and  <100>{011},  in  both 
poiycrystalline  and  single  crystal  specimens.  <11 1>  slip  can  be  activated  at  low  temperatures 
and/or  by  orienting  single  crystals  to  hard  orientations  (near  [001])  [6-11].  In  NiAl.  <11 1> 
dislocations  have  also  been  activated  by  alloying  additions  [12,13].  However,  improvements  in 
the  properties  of  NiAl  have  not  been  realized  by  the  activation  of  <11 1>  slip.  On  the  other 
hand,  the  toughness  of  NiAl  has  been  improved  through  heat  treatment  control  and  pre-strain 
pressure  effects  [14-19].  At  this  point  it  is  not  entirely  clear  what  mechanisms  are  involved  with 
this  improvement  in  properties. 

Deformed  CoAl  has  been  found  to  display  predominately  <100>  dislocations  over  a  wide 
range  of  temperatures  [20-22].  However,  some  <11 1>  and  <110>  dislocations  have  also  been 
observed  [22].  Despite  the  various  types  of  dislocations  observed  in  CoAl.  this  alloy  suffers 
from  extreme  brittleness,  even  at  relatively  high  temperatures. 

In  contrast  with  NiAl  and  CoAl.  B2  FeAl  deforms  predominantly  by  <1 1 1>  slip  at  low 
to  moderate  temperatures  [23,24],  While  this  <11 1>  slip  in  FeAl  does  not  lead  to  significant 
ductility  in  stoichiometric  alloys,  iron  rich  compositions  display  substantial  ductilities  and 
reasonable  toughnesses  [25-27],  This  appears  to  be  directly  related  to  a  decrease  in  the  critical 
resolved  shear  stress  of  <1 1 1>  slip  with  increasing  iron  rich  deviations  from  stoichiometry  [28]. 
At  moderate  temperatures,  a  transition  from  <1 1 1>  to  <  100>  slip  has  been  charactenzed  for  both 
single  [23,24]  and  poiycrystalline  [29]  samples.  .Materials  deformed  above  this  slip  transition 
display  very  high  ductilities  [26].  In  addition  to  <100>  slip,  there  have  been  limited  observations 
of  <110>  slip  in  these  materials  [30], 

It  is  well  known  that  the  deformation  behavior  of  bcc  metals  has  been  related  to  the  core 
structure  of  the  <1 1 1>  screw  dislocations  as  determined  by  computer  simulation  techniques  [31]. 
The  dislocation  core  structures  in  B2  alloys  have  also  been  studied  by  atomistic  models  in  an 
effon  to  relate  the  core  structure  to  slip  behavior  [32-37],  Recent  advances  in  high  resolution 
electron  microscopy  (HREM)  have  made  it  possible  to  expenmentaily  image  select  dislocation 
core  structures,  thus  allowing  comparison  with  model  structures.  This  is  leading  not  oniy  to  a 
better  understanding  of  dislocation  cores  and  their  relationship  to  mechanical  behavior,  but  also 
provides  critical  analyses  for  current  computer  models.  These  comparisons  enable  improvements 
to  be  made  in  modeling  procedures  and  interatomic  potentials. 

In  the  present  study,  the  core  structures  of  dislocations  in  FeAl  are  examined  at  two 
stoichiometries.  While  the  core  suucture  of  <1 11>  screw  dislocations  is  of  keen  interest  in  FeAl 
and  other  B2  materials,  limitations  in  the  HREM  technique  make  these  cores  unsuitable  for 
study.  Thus.  <100>  dislocations  have  been  introduced  during  high  temperature  deformation  for 
examination.  .An  advantage  of  choosing  <100>  dislocations  is  that  it  allows  comparison  with 
<1()0>  core  smictures  observed  in  NiAl  and  CoAl.  which  are  presently  being  examined  by  our 
group.  These  comparisons  may  lead  to  a  better  understanding  of  dislocation  siip  anu  mechanical 
response  of  the  various  B2  aiuminides. 


Expenmental  Procedure 


Single  crystal  compression  samples  with  dimensions  9mm  x  3mm  x  3mm  and  nominal 
'.’omoositions  of  Fe-50at%AI  ana  Fe-40atCc.Al  were  cut  from  bulk  soecimens  usimi  a  niah  speed 
vaienna  saw.  Bulk  snecimen  uimensions  limited  the  selection  of  deformation  luxcs  to 
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Fig.  1.  Standard  Stereographic  triangles  showing  single  crystal  compression  axes  for  (a)  Fe- 
40A1  and  (b)  Fe-50A1. 


orientations  near  [001]  as  shown  in  fig.  1.  In  order  to  encourage  the  activation  of  <100>  slip, 
deformation  was  carried  out  at  873  K  (~0.67Tm).  Compression  was  carried  out  in  vacuum  at 
a  normnai  strain  rate  of  2.5xl0'^/sec  to  approximately  5%  plastic  strain.  Specimens  were  furnace 
cooled  following  release  of  the  deformation  load.  Slip  lines  were  observed  using  optical 
microscopy  with  polarized  light.  Slip  planes  were  determined  by  standard  two  face  slip  trace 
analysis. 

Thin  foils  for  conventional  TEM  were  prepared  by  sectioning  parallel  to  the  observed  slip 
plane  while  those  for  HREM  were  sectioned  normal  to  the  [010]  direction.  Foils  were  electro- 
polished  in  a  solution  of  1  pan  HNO,  to  2  pans  methanol  at  -20"C  with  a  voltage  of  12  V. 
Conventional  diffraction  contrast  TEM  was  performed  in  a  Hitachi  H-800  at  200  kV,  while 
HREM  was  performed  at  350  kV  in  a  JEOL-4000EX. 

HREM  image  simulations  were  based  on  a  theoretical  core  structure  determined  by 
Vaiihe  and  Farkas  [38]  using  the  embedded  atom  method.  The  image  simuiations  were 
penormed  using  the  EMS  software  package  [39]. 


Results  and  Discussion 


Characterization  of  slip 

Deformation  of  the  orientated  single  cr>'stals  resulted  in  well  defined  slip  lines,  an 
example  of  which  is  given  in  rig.  2.  The  slip  is  charactenzed  by  planer  slip  with  a  small  amount 
of  waviness  indicative  of  cross  slip.  Slip  trace  analysis  of  both  stoichiomemc  Fe-cOAl  and  iron 
rich  Fe-40A1,  somewhat  surprisingly,  found  the  slip  planes  to  be  ( 110}. 

Sections  cut  parallel  to  this  observed  (110)  slip  plane  were  prepared  for  conventional 
transmission  electron  microscopy  and  revealed  substructures  made  up  predominantly  of  straight 
dislocation  segments  lying  roughly  90°  to  one  another.  Trace  analysis  determined  the  two 
general  line  directions  to  be  [100]  ana  [010].  Diffracnon  contrast  analysis  was  used  to 
characterize  the  Burger's  vectors  of  these  dislocations  with  an  example  given  for  Fe-40A1  in  fig. 
3.  Due  to  the  elastic  anisotropy  of  FeAl,  it  can  be  difficult  to  get  complete  invisibility  of 
dislocations  under  the  conditions  of  g*b=0.  Ideally,  a  complete  analysis  can  be  penormed  using 
computer  simuiations  following  the  method  of  Head  et.  al.  [40].  However,  if  the  condition 
2»bxu=0  is  used  in  conjunction  with  the  g»b=<3  critena.  a  reasonable  analysis  can  oe  nen'ormed. 
In  fis.  3  the  disiocauon  labeled  (a)  has  line  segments  in  me  l  iOO]  and  [0101  directions.  The 


Fig.  2.  Optical  micrographs  showing  slip  bands  on  two  faces  of  a  Fe-50A1  single  crystal 
deformed  at  873  K.  {110}  slip  piane  traces  are  indicated. 
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Fig.  3.  Conventional  diffraction  contrast  images  of  the  dislocation  structure  of  Fe-40A1 
deformed  at  873  K.  .N'ote  tnat  the  dislocation  labeled  (a)  has  a  Burger's  vector  of  lOOl  ]  and  line 
directions  of  \100]  and  fOlO]  indicating  this  is  a  prismatic  dislocation. 


segment  in  the  [010]  direction  is  well  out  of  contrast  for  g=(()20')  while  the  segment  in  the  [100] 
iiirection  is  out  of  contrast  for  s.={200).  The  segments  which  are  not  parallel  with  the  ooerative 
a-vectors  aisoiay  weak  contrast  for  tnese  refiections.  .kopiying  the  g»b=0  ana  g*b\u=i)  cnteria 
'0  tnese  ooserv’ations  leaas  to  tne  conclusion  tnat  b=!(X31i.  Other  aisiocauons  in  tnis  tiuure  show 


Fig.  4.  Diffraction  contrast  image  displaying  the  deformation  sirucuture  of  FeoOAl  compressed 
at  “873  K. 


similar  results.  It  should  be  noted  that  since  the  line  directions  of  the  segments  of  dislocation 
(a)  are  [100]  and  [010],  the  fOOl]  Burger's  vector  of  this  dislocation  lies  normal  to  the  plane  of 
the  dislocation.  This  result  appears  to  contradict  the  results  of  the  slip  trace  analysis,  which 
found  ( 1 10}  to  be  the  operative  slip  plane.  However,  some  dislocation  rearrangement  may  have 
occurred  during  the  furnace  cooling  following  deformation.  Prismatic  loops  and  dislocations, 
with  b=<100>  lying  normal  to  the  slip  plane,  have  been  observed  in  FeAl  on  a  number  of 
occasions  [41-43*].  Fe-50A1  displayed  a  similar  deformation  structure  to  that  observed  in  Fe- 
40A1.  an  example  of  which  is  shown  in  fig.  4. 

E.xpenmental  images  of  dislocation  cores 

Since  the  majonty  of  the  uisiocauons  in  the  deformed  materials  dispiayea  <100>  line 
directions,  thin  foils  for  HREM  were  prepared  by  sectioning  normal  to  either  the  j  lOOj  or  [010]. 
This  allowed  the  core  structure  of  the  dislocations  to  be  imaged  "end  on"  down  a  low  index  zone 
with  lattice  spacings  greater  than  the  resolution  limit  of  the  microscope. 

Surpnsingly,  high  resolution  electron  microscopy  of  Fe-40A1  revealed  not  only  b=<001> 
dislocations,  but  also  b=<l  10>  dislocations.  The  present  study  will  concentrate  on  tne  <()01> 
dislocations  while  the  <1 10>  dislocations  will  be  discussed  elsewhere  [44].  Figure  i  shows  a 
HREM  image  of  a  b=[(X)l  1(100)  edge  dislocation.  This  image  and  all  other  i  lREM  Images 
presented  in  this  paper  are  "white  atom"  images  with  the  lighter  contrast  areas  signirying  the 
approximate  atom  positions,  .\lthough  the  dislocations  may  not  be  moving  ''v  slip,  for 
discussion  purposes  the  slip  plane  will  be  considered  to  be  the  plane  definea  by  bxu. 
Accompanying  this  expenmental  image  are  digitally  scanned  and  compressed  images  which 
allow  tne  displacements  in  various  directions  and  the  termination  of  atomic  pianes  to  be  more 
easilv  seen.  These  images  give  an  illusion  of  the  image  being  veiwed  down  a  given  direction 
at  an  inclined  angie.  The  core  structure  shown  in  ng.  5  can  be  characterized  by  two  distinct 
1  220]  half  planes  which  terminate  near  the  same  point  in  the  dislocation  core.  The  aoproximate 
locanons  of  these  half  pianes  are  aenoted  by  the  arrows  in  ng.  fa  and  can  be  more  cieariy  seen 
In  lias  fb  ana  5c.  Tne  core  is  comnact.  with  only  slight  spreading  in  the  t  iOO)  .-..n  mane  (fig. 


5c)  and  no  significant  displacements  normal  to  the  slip  plane  (fig.  5e).  This  structure  is  similar 
to  the  <i))01>{100}  cores  observed  in  Ni-50A1  [45.46]  and  Ni-48A1  [46]. 

A  number  of  different  core  configuradons  of  [001](100)  edge  dislocations  were  observed 
in  Fe-50A1.  The  first  of  these  is  shown  in  fig.  6  and  is  similar  in  configuration  to  the  (001](100) 
dislocation  core  observed  in  Fe-40Al.  Again,  the  core  is  compact  with  the  characteristic  [220] 
half  planes  terminating  at  approximately  the  same  location.  However,  these  terminations  actually 
lie  at  positions  above  one  another  relative  to  the  slip  plane.  This  may  be  indicative  of  some 
climb  process  having  taken  place. 

An  alternative  [0011(100)  Fe-50A1  edge  dislocation  core  structure  is  shown  in  fig.  7.  In 
this  structure,  the  characteristic  {220}  half  planes  terminate  approximately  10-12  atom  positions 
from  one  another  in  the  plane  of  the  [001]  Burger's  vector.  This  clear  dissociation  can  be 
characterized  by  two  separate  Burgers  vectors,  -dlOl]  and  ^2[101]  as  illustrated  in  the  figure. 
Thus,  the  dissociation  might  be  thought  of  as: 

a[001]  =  av2[T01] -t  av'2[101]  [1] 

However,  it  should  be  reiterated  that  HREM  can  only  resolve  the  edge  component  of 
dislocations.  This  implies  one  may  not  rale  out  the  possibility  that  there  may  be  a  screw 
comoonent  in  the  beam  direction  ([010]  in  this  figure)  which  is  not  resolved.  Tlnus.  equation 
1]  only  involves  me  eage  components  and  can  be  thougnt  of  as: 


[200] 

[202]  .  [202] 

[002] 

Fig.  6.  HREM  image  of  a  [0011(100)  dislocation  core  in  deformed  Fe-50A1.  Note  how  the 
{220}  extra  half  planes  terminate  at  positions  above  one  another  relative  to  the  plane  of  the 
Burger's  vector. 


a[001],  =  a-2[101U  +  a<101],  [2] 

with  the  subscript  "e"  indicating  edge  components.  Since  “•'<110>  dislocations  in  the  B2 
structure  do  not  translate  the  lattice  from  one  atomic  position  to  another,  a  more  likely 
dissociation  may  be; 


a[001!  =  a^dlll]  +  APB  +  a’^llli; 


The  ordering  of  the  B2  lattice  requires  that  an  antiphase  boundary  (APB)  lie  between  the  111} 
dislocations.  This  dissociation  scheme  is  not  energetically  favorable  based  on  linear  elasticity. 
However.  Fourdeux  and  Lesbats  142]  have  shown  the  dissociation  of  {100}  dislocations  into  two 
.\PB  coupled  111 }  dislocations  to  be  a  mechanism  for  vacancy  annihilation  in  Fe-42A1. 

Figure  8  shows  a  dipole  between  two  <100>  dislocations  with  their  slip  planes  separated 
'oy  approximately  10  atomic  spacings.  Tliis  dipole  may  'be  the  result  of  slip  interaction  between 
these  two  dislocations,  but  linear  eiasticity  suggests  that  the  energy  minimum  between  two 
dipoie  dislocations  occurs  when  the  dislocations  iie  45°  to  each  other,  relative  to  the  Burger’s 
'.ector  and  slip  plane.  Instead,  the  experimental  image  shows  the  diooie  dislocation  cores  Iving 
approximately  90°  to  one  another.  !t  may  be  that  this  dipoie  formed  as  the  resuit  of  vacancy 
coalescence.  It  is  well  known  that  thermal  vacancies  in  FeAl  anneal  out  into  dislocation  loops 
and  helices  141.42.47].  Close  analysis  of  the  Burger’s  vector  circuits  in  fig.  8  shows  that  this 
dipoie  is  a  vacancy/incrinsic  dipoie  and  not  an  extrinsic  dipoie.  This  is  illustrated  by  comparison 
with  fig.  9.  Tnus  this  dipole  core  contiguration  may  in  fact  be  a  orismatic  loop  nuclei.  It 
mould  also  be  noted  that  ciose  analysis  of  each  of  the  inaividuai  <()01>  dislocations  in  this 
-tiDoie  snows  tne  arrangement  or  the  ;220]  extra  nair  nianes  to  be  somew'nat  aifferent  m  tne  two 
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Fig.  7.  Experimental  HREM  image  of  a  [OOnClOOl  edge  dislocation  in  FeoOAl.  Xote  how  the 
{220}  extra  half  planes  terminate  approximately  10-12  atom  positions  apan  on  die  slip  plane 
possibly  indicating  a  glide  dissociation. 


dislocations.  It  is  possible  that  the  core  structures  of  these  dislocations  vary  dunng  the  climb 
process. 

Comparison  of  exnerimentai  images  with  model  structures 

Vaiihe  and  Farkas  (  381  have  recently  penormed  an  embedded  atom  simuiation  of  the  core 
structure  of  a  <001>{  1001  edge  dislocation  in  stoichiometric  Fe-50A1.  It  is  useful  to  examine 
how  this  meoreucal  structure  compares  with  the  expenmental  images  of  the  core  structures 
imaged  in  the  present  work.  Figure  10  shows  a  piot  of  the  atomic  positions  determined  by 
Vaiihe  and  Farkas,  along  with  a  senes  of  simulated  HREM  images  based  on  tnis  theoretical 
structure.  The  theoretical  structure  displays  a  compact  core  with  no  evidence  oi  significant 
spreading  in  the  slip  plane  or  any  indication  of  climb.  The  (200)  extra  half  planes  can  be  seen 
to  terminate  within  one  atomic  position  of  each  other. 

This  theoretical  structure  is  significantly  different  from  the  structures  observed 
expenmentiy.  In  the  one  expenmentai  image  of  a  compact  core  in  Fe-50A1  (fig.  oi.  some  ciimb 
dissociation  was  noted.  Of  course  EAM  couid  not  predict  such  a  structure,  unless  the  chmb 
component  was  introducea  in  tne  initial  structure.  In  the  expenmental  image  ot  the  core  spread 
)n  the  slip  piane  shows  a  significant  dissociation  of  10-12  atom  spacings.  Eds  is  in  contrast 
with  the  EAM  result.  The  reasons  for  these  differences  are  not  entirely  dear.  •  )ne  possibility 
is  that  there  is  an  expenmental  artifact,  such  as  free  sunace  effects  or  the  presence  of  a  residual 
stress  in  the  thin  foil,  causing  the  dissociation  in  the  slip  piane.  On  the  other  hana.  the 
expenmentai  results  may  indicate  a  proolem  with  the  approach  to  the  simulation,  .men  as  the 
choice  of  the  elastic  center  of  the  dislocation  or  the  details  of  the  interatomic  potentials.  Clearly, 
more  ’vorK  is  needed  in  oraer  to  rationalize  t.nese  differences  in  theoretical  m.ouels  and 
rxpenmeniai  images. 


Fig.  8.  HREM  image  showing  a  dipole  between  two  <100>  dislocations  in  Fe-50A1.  Note  that 
the  two  dislocations  lie  approximately  10  atomic  spacings  apart  in  the  [100]  direction. 
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Fia.  9.  Schematic  illustauons  of  fa)  a  vacancy  dipoie  like  that  shown  in  fig.  9  and  (b)  a 
interstitial  dipole. 
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(b)  t=2.6nm, 
Af=100nm 


(c)  t=4.1nm, 
Af=100nm 


(d)  i=5.rnin. 
Af  =  idOnm 


a)  Atom  Positions 


(e)  t=7.0nm.  (0  t=8.4nm.  tg)  t=d,onm. 

At'=100nm  Af=60nm  At=d()nm 

Fig.  10.  (a)  Atom  positions  for  a  <001>{  100)  edge  dislocation  as  determined  by  EAM.  (b-g) 
Simulated  HREM  images  based  on  atom  positions  shown  in  (a). 


Conclusions 

Experimental  imaging  of  <001>{  100)  edge  dislocation  core  structures  in  B2  FeAl  alloys 
show  a  variety  of  configurations.  In  Fe-40A1  these  dislocations  appear  to  have  compact  cores 
with  only  slight  spreading  in  the  (100)  slip  plane.  No  evidence  of  climb  was  observed  in  this 
alloy  for  the  <001>{110)  dislocations.  In  FeoOAl.  <001>{100)  cores  displayed  two 
configurations,  one  being  compact  with  a  small  climb  dissociaton  normal  to  the  slip  plane,  the 
other  showing  dissociation  into  two  V2<1 1 1>  dislocations  separated  by  approximately  10-12  atom 
spacings  along  the  slip  plane.  Additionally,  a  dipole  core  which  appears  to  be  a  prismatic  loop 
nuclei  has  been  observed  in  Fe-50A1.  Comparisons  of  the  experimental  images  with  theoretical 
stmctures  suggest  that  significant  differences  in  the  structures  exist. 
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Abstract 

Stoichiometnc  Fe-50at.‘VoAl  and  iion-nch  Fe-40at.%Al  single  cr\stais  oriented  near  lOO  1 !  have  been  deformed  in  compression  at 
873  K  to  approximately  5"'o  plastic  stram.  Convennonal  diffracnon  contrast  transmission  electron  microscopy  iTEM)  has  been  used  to 
characterize  the  dislocation  structures  in  these  matenals.  The  observed  dislocations  are  predominantly  ,001\00U  prismatic  edge 
dislocations,  with  a  small  number  of '  1 1  L  screw  dislocanons.  The  atomic  level  details  of  the  core  structures  ot  these  dis  ocanons  have 
been  e.xamined  using  phase  contrast  TEM  and  high-resoiution  electron  microscopy  iHREM  i.  Dislocanons  with  both  glide  and  climb 
dissociated  core  structures  have  been  observed.  The  implications  of  these  structures  on  the  mechanical  behavior  lat  both  low  and 
elevated  temperatures  uire  discussed. 

Keywords-.  HREM:  Dislocation;  Iron;  .Aluminium;  Cry'stals 


1.  Introduction 

Dislocation  structures  have  been  studied  extensively 
in  the  B2  aluminides  i  FeAl.  NiAl  and  CoAl )  in  order  to 
gain  a  better  insight  into  the  ductility  and  fracture 
problems  associated  with  this  class  oi  materials.  The 
slip  characteristics  of  FeAl  are  significantly  different 
from  those  found  in  NiAl  and  Co.Vl.  due  to  the  fact 
that  B2  Fe.Vl  deforms  predominantly  by :  1  1 1  '-type  slip 
at  low  to  moderate  temperatures  1 1.21.  .Although  ;  1 1 1  ■ 
slip  does  not  lead  to  substantial  ductility  for  sioichio- 
metnc  B2  FeAl  at  ambient  temperatures,  increa.sed 
ductilitv  and  toughness  are  obsen'ed  for  alloys  with 
increasmgiv  iron-rich  deviation  from  stoichiometry 
3-5 i.  There  appears  to  be  a  direct  relationship 
between  the  decrease  m  the  critical  re.solved  shear 
stress  for  ill;  slip  and  increasing  iron  content  from 
the  stoichiometric  composition  ioi.  .\l  moderately 
elevated  temperatures,  a  transition  m  slip  from  <  1 1 1'  to 
100')  has  been  observed  in  single-crystal  i2!  and  poly¬ 
crystalline  T!  FeAl.  This  transition  temperature 
.around  0.4-0.5  7.,,,  has  been  found  to  increase  with 
increasing  aluminum  content  for  single  cry.stais  !2';. 
while  decreasing  with  increasing  aiummum  content  for 
poivcrystalline  samples  Stoicniometric  B2  Fe.-M 


deformed  at  temperatures  above  this  transition  tem¬ 
perature  has  been  found  to  display  very  high  ductility 
TO.  There  have  been  limited  observations  of  ( 1 10')  dis¬ 
locations  in  this  material  1 91. 

.An  interesting  complication  to  understanding  the 
behavior  of  this  material  has  to  do  with  the  effect  of  the 
cooling  rate  on  the  mechanical  properties  of  FeAl.  It  is 
well  established  that  there  is  a  strong  relationship 
between  the  vacancy  concentration  and  thermal  treat¬ 
ment  of  this  material.  Correspondingly,  both  elevated 
temperature  and  quenching  rate  tests  have  shown  that 
thermal  treatment  can  have  a  profound  effect  on  the 
mechanical  behavior  of  FeAl. 

The  first  studies  of  quenched-in  xacancies  in  FeAl 
were  carried  out  using  resistivity,  dilatometry  and  field 
ion  microscopy  1(1-13!.  These  studies  found 
quenched-in  vacancy  concentrations  as  high  as 
I.4X  10“-  and  2.2  x  10'-  as  quenched  from  1050°C 
O.S6T^:  for  Fe-46at.%Al  and  Fe-51at.%Al  respect¬ 
ively.  Tvpicai  metals  have  vacancy  concentrations  on 
the  order  of  10'''-10~“‘  near  their  melting  points  [14|. 
In  situ  electron  microscopy  observations  have  shown 
that  these  excess  vacancies  anneal  out  into  dislocation 
loops,  helices,  super-structure  dislocation  loops  and 
luiired  helices  bound  by  antiphase  boundaries  :APBs) 
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15-17!.  These  vacancy  products  appear  to  nucleate 
on  inclusions  and  pre-existing  dislocations.  The  result¬ 
ant  dislocation  loops  and  helices  have  both  ^100/  and 
111/  Burgers  vectors.  The  (11 1)  helices  are  observed 
as  both  perfect  :  1 1 1)  helices  and  APB  coupled  ' '1 1 1) 
helices  1 15.16 1.  Furthermore.  dLssociation  of  •  100  dis¬ 
locations  into  APB  coupled  3'' 111)  dislocations  is 
commonly  observed.  In  all  of  these  studies,  vacancy- 
related  mechanisms  are  believed  to  be  directly  respon¬ 
sible  for  the  various  dislocation  reactions. 
Furthermore.  Fordeux  and  Lesbats  [16]  concluded  that 
homosieneous  vacancy  coalescence  into  voids  does  not 
occur  in  B2  FeAl  due  to  the  strong  tendency  for  order¬ 
ing  in  this  alloy  [14 j. 

The  effect  of  thermal  history  on  the  mechanical 
behavior  of  B2  FeAl  was  first  realized  by  Rieu  and 
Goux  [10]  and  Weber  et  al.  [18]  who  attnbuted 
increases  in  hardness  following  quenching  to  increases 
in  the  number  of  retamed  vacancies.  This  effect  is 
reflected  in  changes  in  the  tensile  behavior  showing 
larste  increases  in  yield  .strength  with  corresponding 
decreases  in  ductility  [4.19].  Flardness  tests  carried  out 
over  a  vvide  range  of  compositions  and  following  a 
variety  of  cooling  rates  and  annealing  treatments  have 
reinforced  these  findings  [20.2  IJ.  Studies  on  single 
crvstals  have  related  this  increase  in  strength  to  an 
increase  in  the  CRSS  for  till'.'  slip  [6j. 

Despite  the  considerable  attention  that  vacancy 
hardening  in  B2  FeAl  alloys  has  received,  the  exact 
strengthening  mechanisms  remain  unclear.  It  has  been 
hypothesized  that  vacancies  may  act  as  point  defect 
strengtheners  ipin  dislocations),  may  change  the  degree 
of  long-range  order  lAPB  energy)  and/or  vacancies 
mav  coalesce  to  form  material  strengthening  jogs  on 
existing  dislocations  i6.15.16i.  However,  no  conclusive 
evidence  for  the  e.xact  mechanisms  has  been  presented 
thus  far. 

The  purpose  of  this  paper  is  to  present  the  results  of 
high-  resolution  electron  microscopy  iHREM)  studies 
of  the  core  structures  of  dislocations  in  deformed  B2 
FeAl.  This  studv  is  pan  of  a  larger  program  examirung 
the  differences  in  the  dislocation  core  structure  of  the 
B2  alummides.  The  results  presented  here  show  that  a 
variety  of  dislocation  core  configurations  may  occur  m 
FeAl.  Some  configurations  may  be  related  to  disloca¬ 
tion  core-vacancy  interaction  which  may  help  to 
explain  some  aspects  of  vacancy  hardening  in  these 
alloys. 


2.  Experimental  details 

Bulk  single-crystal  samples  of  nominally 
Fe-5()at.'!.)Al  and  Fe-40at.'';.Al  were  fashioned  into 
'J  mm  X  3  mm  x  3  mm  compression  specimens  using  a 


high  speed  diamond  watering  saw.  This  3 ;  1  height  to 
width  ratio  was  used  to  promote  homogeneous 
deformation.  The  compression  specimens  received  a 
24  h  annealing  treatment  at  1273  K  under  vacuum, 
followed  bv  step  cooling  at  a  rate  of  100  K  h  *  down  to 
500  K.  then  furnace  cooling.  Specimens  were  hand 
polished  starting  with  600  grit  SiC  paper  and  finishing 
with  0.1  um  diamond  paste.  Back  reflection  Laue 
X-ray  studies  determined  all  of  the  compression  axes 
to  be  within  15’  of  [OOlj.  Compression  was  carried  out 
in  vacuum  at  873  K  (approximately  0.67  TJ  in  order  to 
promote  HOOl  slip.  Tests  were  performed  at  a  nominal 
strain  rate  of  2.4x10“"  s“‘  to  a  plastic  strain  of 
approximately  5"o.  The  specimens  were  furnace 
cooled  following  release  of  the  deformation  load. 

Following  compression,  slip  lines  were  observed 
using  polarized  light  optical  microscopy.  The  active 
slip  "planes  were  determined  by  standard  two  face 
analysis.  Specimens  for  conventional  diffraction 
contrast  transmission  electron  microscopy  iTEM)  were 
sectioned  parallel  to  ,0011  and  ilOll  planes,  while 
specimens  for  HREM  were  sectioned  normal  to  the 
[100]  or  iOlOj  directions.  The  sections  were  mecham- 
cally  ground  using  600  gnt  paper  to  approximately  150 
nm.  Final  thinning  was  carried  out  using  a  twin  jet 
electropolisher  with  an  electrolyte  of  30%  FINO3  in 
methanol  at  —  20°C  and  a  voltage  of  12  V.  Con¬ 
ventional  TEM  was  carried  out  at  200  kV  using  a 
Hitachi  H-800.  while  HREM  was  performed  at  350  kV 
inaJEOL4000EX, 


3.  Results 

1.  Slip  characterization 

Optical  microscopy  of  the  deformed  single  crystals 
revealed  well-defmed  slip  lines  as  illustrated  in  Fig.  1. 
The  slip  was  generally  planar  in  nature  with  some  wavi¬ 
ness.  indicative  of  cross  slip.  Two  face  slip  trace 
analysis  revealed  the  active  slip  plane  to  be  illOl  in 
both  stoichiometric  Fe-50at.'!oAl  and  iron-rich 
Fe-40at.%.A.l. 

Characterization  of  the  deformation  substructures 
was  carried  out  using  conventional  TEM  performed  on 
sections  cut  parallel  to  the  active  HlOi  planes.  The 
maioritv  of  the  dislocations  had  straight  line  segments 
with  sharp  jogs.  The  straight  segments  lay  in  two 
primary  orientations,  roughly  perpendicular  to  one 
another.  Trace  analysis  revealed  these  primary  direc¬ 
tions  to  be  '  100]  and  iOIOI.  Due  to  the  elastic  amso- 
tropy  of  Fe-.Al.  Burgers  vector  analysis  can  be  difficult 
to  perform  as  g  h  =  0  does  not  always  lead  to  complete 
invisibility.  However,  if  the  g- bxu  =  (1  criterion  is  used 
in  conjunction  with  the  g-b  =  0  criterion,  a  thorough 


analysis  can  usually  be  carried  out.  An  example  of  this 
analysis  for  deformed  Fe-40at.%Al  is  illustrated  in  Fig. 
2.  The  dislocation  labeled  (a)  in  this  figure  is  typical  of 
the  dislocations  observed  in  this  material.  This  disloca¬ 
tion  has  segments  with  line  directions  ri()()l  and  iOlOj. 
The  ;100i  segments  are  well  out  of  contrast  for 
^  =  ■21)0).  while  the  iOlOl  segments  display  significant 
contrast  for  this  reflection.  Conversely,  the  iOlO] 
segments  are  out  of  contrast  for  ^g  =  :()20).  while  the 
llOOl  segments  show  residual  contrast.  Applying  the 
g-b  =  0  and  g  bxu  =  i)  criteria  leads  to  the  conclusion 
that  the  Burgers  vector  of  this  dislocation  is  f?  =  !001]. 
Similar  analyses  show  that  the  majoritv  of  dislocations 
in  both  Fe-4()at.°oAl  and  Fe-50at.'loAl  have  /1»  =  4)01]. 
It  should  be  noted  that  the  plane  of  the  dislocation  tas 
defined  by  the  line  directions  of  the  segments)  is  iOOl). 
This  is  contrary  to  the  results  of  the  slip  trace  analysis, 
which  indicated  that  1 1101  was  the  active  slip  plane. 
However,  as  the  Burgers  vectors  of  the  dislocations  are 
normal  to  the  plane  of  the  dislocations,  the  dislocations 
are  in  prismatic  configurations  and  this  finding  would 
not  be  expected  to  be  consistent  with  the  observed  slip 
lines.  It  should  be  noted  that  prismatic  dislocations  and 
loops  with  h  =  '  100)  have  been  observed  in  Fe.Vl  in  a 
number  of  studies  il6.17.22!.  In  addition  to  the 
/;  =  '()01|  dislocations  observed  in  the  deformed 
materials,  a  small  number  of  111  screw  dislocations 
were  also  found.  Fig.  3  shows  an  analvsis  of  these  dis¬ 
locations  in  Fe-50at.‘l'oAl. 

3.2.  High  resolution  electron  microscopy 

Xtomic  resolution  imaging  or  dislocation  cores  using 
H.RE\'I  reauires  that  the  dislocations  be  imaged  "end 
on",  i.e.  the  dislocation  line  direction  must  be  parallel 
to  the  electron  beam  direction.  Secondly,  the  disloca¬ 
tion  must  have  significant  atomic  displacements  normal 
to  the  beam  direction  in  order  for  the  core  to  be 
imaged.  In  fact,  only  the  edge  ct^mponent  of  disloca¬ 


tions  can  be  resolved  using  HREM.  Because  the  (Til) 
screws  do  not  meet  the  second  imaging  requirement 
and  because  the  majority  of  the  6  =  1001 1  dislocations 
have  TOO)  line  directions,  HREM  w'as  carried  out  by 
imaging  crystals  with  the  beam  direction  along  [100] 
and  i010|  orientations. 

3.2.1.  Fe-40at.%Al 

Interestingly,  HREM  of  Fe-40at.%Al  revealed  not 
only  6.  =  '.001)  dislocations,  but  also  dislocations  with 
/>.  =  •!  10).  Fig.  4  shows  a  HREM  image  of  a 
/)  =  [00 11(1001  edge  dislocation.  This  image  (and  all  of 
the  other  HREM  images  in  this  paper)  is  a  "white 
atom"  image  with  the  bright  spots  representing 
approximate  atomic  positions.  Despite  the  fact  that  the 
dislocations  may  not  be  moving  by  slip,  for  purposes  of 
discussion,  the  "slip  plane"  will  be  defined  as  the  plane 
which  contains  the  Burgers  vector  and  the  dislocation 
line  direction.  Fig.  4  also  displays  a  series  of  digitally 
compressed  experimental  images  which  help  to  illus¬ 
trate  the  displacements  in  various  directions  and  the 
termination  of  atomic  planes.  The  core  presented  in 
Fig.  4  can  be  characterized  by  two  distinct  1220}  half 
planes  which  terminate  at  approximately  the  same 
point  indicated  by  the  arrows  in  Fig.  4(ai).  These 
"extra  half  planes"  can  be  seen  more  clearly  in  the  com¬ 
pressed  images  shown  in  Figs.  4ib>  and  4;d).  This  core 
is  compact  with  only  minimal  spreading  in  the  (TOO) 
slip  plane  ;as  revealed  in  Fig.  4(c;,)  and  no  significant 
distonions  perpendicular  to  the  slip  plane  iFig.  4(e)). 
The  compact  nature  of  this  core  is  very  similar  to  that 
observed  in  .Ni-50at.%Al  and  Ni-hSat.^iiAl  [23.24|. 

The  second  type  of  dislocation  core  observed  in 
Fe-40;it.‘!i).Al  has  an  edge  component  of  /j_.  =  i  101]  fas 
illustrated  by  the  Burgers  circuit  in  Fig.  5ia;!.  The 
Burgers  vector  analysis  did  not  reveal  any  dislocations 
characterized  by  h,  =  ^^cl  u  =  \0l0\.  Therefore  it 
is  not  entirely  clear  how  this  dislocation  relates  to  the 
deformation  sub.structure.  .An  interesting  aspect  of  this 
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Fi>;.  3.  Coiiventiiinnl  TEM  imaiics  oi  the  deformutiitn  'Structure  ot  t-e-.'''h>t.'’oAI  detormed  at  S  . K.  The  su'^^tructure  is  dominated  by 
1 1 )()  dislocations.  The  Kniit  straieht  dislocation  is  a  111  dislocatK'ii.  a  uas  ttiken  near  the  (M(>  zone,  b  and  c  near :  1  1 1  i  and  (c) 
near  o(i  i  ■. 


di.slocanon  ctire  is  that  it  is  clearly  dissociated  into  two 
dislocations  with  KM.  These  panials  are 

separated  bv  si.\  interatomic  spacings  normal  to  the 
plane  ot  the  Burners  vector.  This  coniiguration.  which 
appears  to  be  the  result  of  climb  dissociation,  can  be 
clearlv  seen  in  the  compressed  image  in  Fig.  a  a  . 
Because  1  10  is  not  an  atom  to  atom  translation  in 
the  B2  structure,  it  is  likelv  that  the  partial  dislocations 
in  this  core  have  screw  components  and  are  most  proh- 
ablv  1  1  1  1  Llislocations  coupled  bv  an  .-\PB.  Because  it 
Is  not  possible  to  determine  me  c.xact  nature  or  the 
scretv  component  oi  this  periect  dislocation,  it  is  ncces- 
'•arv  to  consider  r  arious  dissociation  [sossrnililies.  The 
tollowinsz  dissociation  schemes  arc  the  two  itk'sI  priib- 
able  reactions.  Idrsi.  if  the  perTcct  dislocation  is 
1 0  M.  the  dislocation  ma\  slissociate  according  to 

101 :  =  1  1 1 : -.\PB  -  ill 

Second,  if  the  pertcct  dislocation  \s  b=  \  \  \  .  the  dis¬ 
location  mav  liisNociaie  h\  ih.c  reaction  an  eutinaiient 


reaction  would  occur  for  h  =  1  1 1 ; 

1  !  !'  =  id  1  li  -b  APB-^iil  1  1 

In  either  case,  the  dissociation  has  occurred  normal 
to  the  slip  plane.  Fin.  shows  the  same  dislocation 
followinu  a  few  minutes  e.xposure  to  the  beam.  In  this 
ficure.  the  lower  partial  dislocation  has  slipped  relative 
to  the  upper  partial  in  the  direction  of  the  Burgers 
vector.  The  panials  lie  on  planes.  si.\  vertically  separ¬ 
ated  elide  planes  apart,  instead  of  lying  nearly  above 
one  another,  and  are  now  separated  by  approximately 
lour  interati'mic  spncings  in  the  direction  of  the 
Burgers  \ector.  This  motion  requires  the  creation  of 
additional  .\PBs  which  will  further  restrict  the  slip  of 
these  partial  dislocations. 

.'.J.J.  l-c-ykir.'’,.Al 

Onlv  tli.slocations  with  h  =  ii'O  were  observed  in 
the  FIRE.M  studies  of  Fe-.-^dat.'lo.-M.  However,  a 
number  of  different  core  .''iructures  were  observed. 


The  first  of  these  structures  Fig.  6  )  is  similar  to  that 
observed  For  the  b  =  1  ()().■  dislocations  in 
Fe-4()at.‘’/()Al.  It  has  a  compact  core  characterized  by 
the  ;22()'  e.xtra  half  planes  terminating  very  close  to 
each  other.  However,  careful  e-vamination  reveals  that 


Fig.  4.  ‘Ui  E.xpenmental  HREM  image  of  a  6=i0()l!(100)  edge 
dislocation  in  Fe-40at.'’'o.Al.  b-c  Diiiitally  compressed  repre¬ 
sentations  of  a  correspondinsi  to  oevvs  down  the  !202!  be 
2tK)i  c..,202!  d  and  ,0t)2 ;  ■  e  directions. 


these  2201  terminations  at  the  core  in  Fe-50at.%Al 
actually  lie  above  one  another  relative  to  the  slip  plane. 
This  suggests  that  some  climb  has  occurred  in  this  core, 
resulting  in  a  somewhat  non-planar  core. 

The  second  /).  =  'H)()'  core  observed  in 
Fe-5i)at.%Al  ,Fig.  !'■  reveals  the  ',220}  half  plane 
terminations  to  be  more  widely  spread  (approximately 
10-12  atom  positions  i  in  the  i200)  plane  of  the 
Burgers  vector.  This  indicates  a  dissociation  into  two 
distinct  partial  dislocations.  Fig.  7  displays  the  two 
yTlO;  Burgers  circuits.  In  terms  of  the  edge  com¬ 
ponents.  this  dissociation  would  be 

ooi:,  =  Hioi}c+Hioi!c 

However.  :  1  lOi  is  not  an  atom  to  atom  translation  in 
the  B2  structure.  Thus  a  more  likely  dissociation  which 
would  take  into  account  screw  displacements  parallel 
with  the  electron  beam  would  be 

}OOF  =  dili;-APB-bdni! 

Due  to  the  fact  that  the  1  1 1  D  panials  do  not  lie  in 
the  ;200)  slip  plane  (the  appro.ximate  plane  of  the  dis¬ 
sociation).  they  could  not  have  simply  slipped  on  the 
(200 1  plane  into  the  observed  configuration.  Instead, 
two  possible  mechanisms  may  be  responsible  for  the 
dissociation  as  illustrated  in  Fig.  8.  First,  both  Km) 
partials  could  glide  on  perpendicular  (220}  planes  from 
the  position  of  the  original  perfect  iOOl]  dislocation. 


Fig.  5.  HREM  images  ol  .i  climb  ais'-ociatetl  di.slocanon  core  in  Fe-4l)at."o.Al  with  a  =  '  11)1;  edge  component:  ia;  core  in  the  initial 
conritturation;  b  core  tollowinc  i'cam-induced  .slip  of  one  of  the  partial  di.slocattons. 
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C''Cntatiims  or  possible  elide  and  climb 
Liid  result  in  ■  111  partuils  separated 

alonii  a  10(1  piano,  i  ho  broken  iino‘>  icprosont  an  APB  and  the 
arrow',  noto  the  dirootion  ot  dislocation  motion,  (dniy  glide  dis- 
.socuuton  and  no'oatico  climb  dissociation  can  result  in  a  con- 
ficurtition  consistent  with  Fig.  . 


Fill.  6.  E.xperimental  HRE\I  image  of  a  compact  DOFilOOi 
dislocation  core  in  Fe-eOat.'‘'oAl.  C’.ose  examination  shows  that 
:ne '2:0!  extra  half  planes  denoted  b\  arrows  terminate  at  posi¬ 
tions  above  one  another  reiatue  to  me  plane  oi  the  total  Burgers 
'.ector. 


Fia.  7.  HREM  imaaeot  adissociaiea  i'"!  UK'  dislocation  core 
jfi 'Fe-,s('lat.''bAl.  The  individual  Buraers  circuits  indicate  the 
direction  of  the  edae  component  the  Burgers  sectors  ot  the 
partial  dislocations. 

This  c.xtends  the  ,\PB  in  a  shaped  Cs’nti'guranon. 
The  dis.sociation  coniimiraiuMi  emild  also  ne  a  result  ot 
climb  t'l  the  partuils  into  ,i  \  -shaped  coniieuratton. 
However,  as  liliistrtued  in  bt'C.  s.  onlv  negattve  climb 
the  addition  oi  atoms  at  the  extra  iiait  plane  can  result 
in  a  structure  completelv  consisicnt  with  that  observed 
experimentallv.  It  should  dc  pointed  otn  that  the 
dissociation  ot  a  iniF  disu'catum  into  two  ;  111, 
partials  is  not  expected  to  pc  cnergcticailv  lavorable 
when  considering  linear  H.isiicitx'.  However,  this 


Fiu.  Expenmentai  iniu'cc  iir  a  dipoic  I'l  iwo  oo|  dislocations 
in  Fc-.si'ai.'  .  Ai.  The  two  vilsiocaiions  lie  appioximately  ten 
..t'lmic  planes  .ipart  in  me  lo((  dirccnon. 

decomposuion  hiis  been  show  n  ti'  be  a  mechanism  tor 
'.aeanev  anniiukuion  in  be-TIai.  d'Al  b\  hnurdeux  and 
Lcsi'ials  1  o  . 

hi'd.  '■t  siiows  ;wti  li'i)  slislocaiion  cores  in  an 
apparent  dipole  coiinpuration.  The  two  cores  (with 
I'pposiie  ccice  components  lie  aisovc  one  another  with 
respect  to  The  slip  pltine  and  are  separated  by  tipproxi- 
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ill.  10.  Schematic  representation  of  .ai  a  vacancy  dipole  and  ,b' 
n  interstitial  dipole.  The  sense  of  the  Bursters  vector  of  the 
acancv  dipole  is  consistent  with  the  e.xpenmentally  observed 
imaae  in  Fia.  y. 


mately  ten  interatomic  spacings.  For  a  dipole  consisting 
of  two  edge  dislocations,  linear  elasticity  predicts  that 
■he  two  edae  dislocations  should  lie  45'’  to  each  other, 
■f  the  observed  dislocations  had  interacted  through 
slip,  such  a  configuration  would  be  expected.  However. 

If  the  dislocations  were  a  section  through  a  dipole  loop 
vhich  formed  through  vacancy  coalescence,  the 
observed  configuration  may  be  expected.  .A.  compari¬ 
son  of  Fie.  9  with  Fig.  10  shows  that  the  observed  rela- 
■ionship  between  the  Burgers  vectors  is  in  fact 
Consistent  with  a  vacancy  dipole.  This  suggests  that  the 
observed  structure  may  be  a  prismatic  k.iop  nucleus. 

tluch  a  structure  is  consistent  with  previous  observa- 
ions  of  laree  numbers  of  .TOO)  dipole  loops  in  Fe-.Al 
alloys  deformed  at  high  temperature  i  16. 17.52;.  Close 

I.maiysis  of  the  individual  TOO'  dislocations  in  Fig.  9 
shows  that  the  arrangement  of  the  1220!  extra  half 
planes  is  somewhat  different  in  the  two  dislocations. 
This  mav  suizaest  that  the  core  structures  of  these  dis- 
|location.s  varv  somewhat  during  the  climb  process. 


I 

I 

I 


|4.  Discussion 

The  results  show  that  there  is  a  wide  vanety  of 
Jislocation  core  structures  which  can  exist  in  B2  Fe.Al 
[deformeU  at  elevated  temperatures.  The  observ'ed 
Structures  may  be  indicative  of  configurations  during 
slip  at  high  temperature,  or  a  result  of  rearrangement  at 
elevated  temperatures  i  with  or  without  deformation:  or 
durine  coolins  following  deformation.  In  particular,  the 


discrepancv  between  the  slip  line  observations  (which 
indicated  a  well-defined  TlOl  slip  plane:  and  the 
diffraction  contrast  experiments  (which  found  most  of 
the  dislocations  to  be  in  prismatic  configurations! 
suggests  that  either  a  substantial  amount  of  deforma- 
tio'^n  is  occurring  through  climb  processes  and/or  the 
dislocations  responsible  for  the  slip  lines  undergo  signi¬ 
ficant  rearrangement  following  deformation.  The 
furnace  cooling  of  the  compression  samples  may  have 
allowed  this  rearrangement  to  take  place. 

The  other  point  which  must  be  considered  when  dis¬ 
cussing  the  results  is  the  role  played  by  thermal 
vacancies.  The  very  large  number  of  vacancies  which 
exist  in  Fe-Al  alloys  at  high  temperature  ■:  which  can  be 
retained  at  low  temperature;  may  be  interacting 
strongly  with  the  dislocations.  Again,  the  TOO)  pris¬ 
matic  dislocations  suggest  that  significant  climb  pro¬ 
cesses  are  occurring  and  the  high  concentrations  of 
thermal  vacancies  will  clearly  enhance  this  process.  At 
the  atomic  level  of  the  dislocations,  vacancy  incorpora¬ 
tion  will  affect  the  core  structure  which  may  lead  to 
non-planar  core  configurations.  A  number  of  core 
structures  which  indicate  non-planar  dissociations 
have  been  presented  in  this  paper.  Clearly,  many  of 
these  non-planar  structures  will  require  reassociation 
in  order  to  slip.  This  in  turn  may  lead  to  difficulties  in 
activating  this  slip. 

While  the  core  structures  presented  in  this  study 
have  been  produced  at  high  temperature,  the  results 
mav  have  implications  for  low  temperature  deforma¬ 
tion  and  cooling  rate  effects.  Quenched-in  vacancy 
concentrations  on  the  order  of  10  ”■  suggest  that  only 
short-range  vacancy  motion  is  necessary  for  interaction 
between  vacancies  and  dislocations.  Furthermore,  dis¬ 
locations  will  encounter  very  large  numbers  of  vacan¬ 
cies  during  slip.  .Although  the  active  dislocations  at  low 
temperatures  are  different  from  those  at  high  tempera¬ 
tures  (Til:-  vs.  TOO'),  it  is  reasonable  to  expect 
vacancies  to  interact  with  the  dislocations  involved  in 
low  temperature  deformation  in  a  manner  similar  to 
the  interactions  at  higher  temperatures.  In  other  words, 
vacancv-dislocation  interaction  at  low  temperature 
and  in  particular  in  rapidly  cooled  materials:  may  lead 
to  the  creation  of  non-planar  core  structures  which 
mav  inliibit  dislocation  motion  and  lead  to  material 
strengthening. 


5.  Conclusions 

Tramsmission  electron  microscopy  of  single-crystal 
Fe-40at.'’'o.Al  and  Fe-50at.'’'oAl  compressed  at  S73  K 
has  revealed  substructures  dominated  by  ()01;{0()1! 
prismatic  dislocations.  .Atomic  resolution  examination 
of  the  core  structures  of  dislocations  in  these  alloys 


1 


reveals  a  variety  of  core  configurations.  Compact  cores 
in  glide  configurations  have  been  observed  as  well  as 
cores  with  non-planar  structures.  Some  cores  show 
significant  evidence  of  climb  dissociation.  The  results 
suggest  that  thermal  vacancies  which  are  present  in 
large  concentrations  in  these  alloys  may  be  interactmg 
with  the  dislocations  to  produce  non-planar  core  con¬ 
figurations.  This  may  in  turn  lead  to  reduced  disloca¬ 
tion  mobility  and  material  strengthening. 
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ABSTRACT 

B2  CoAl  single  crystals  with  a  number  of  orientations  have  been  deformed  at  1300  K  and 
1000  K.  The  deformation  substructures  have  been  characterized  using  TEM  diffraction  contrast 
techniques  supported  by  image  simulations.  While  <100>  slip  is  found  to  be  the  predominant 
slip  mode  at  these  temperatures,  <11 1>  and  <110>  dislocations  have  also  been  observed.  In 
particular,  in  hard  orientations  <110>  dislocations  appear  to  play  an  active  role  in  initiating  the 
deformation.  Additionally,  <110>  dislocations  are  often  observed  as  junctions  of  <1(X)>  type 
dislocations.  Under  the  conditions  tested,  changes  in  aUoy  stoichiometry  do  not  result  in  any 
modifications  to  the  dislocation  slip  behavior. 

INTRODUCTION 

Over  the  past  decade,  there  has  been  extensive  research  examining  a  wide  range  of 
intermetailic  alloys,  with  a  significant  portion  of  this  work  focused  on  the  B2  aluminides.  In  this 
class  of  materials,  NLAl  has  received  the  bulk  of  the  attention,  with  FeAl  also  the  subject  of 
considerable  work.  For  example,  volume  V  of  this  symposium^  lists  38  papers  focused  on  NlAl 
with  another  7  devoted  to  FeAl.  In  contrast,  the  third  transition  metal  aluminide,  CoAl,  has 
received  little  attention  in  the  literature.  This  may  be  due  to  the  reputation  CoAl  has  for  extreme 
brittleness.  However,  a  number  of  studies^^  have  shown  that  CoAl  has  significantly  greater  high 
temperature  creep  strength  than  either  NlAl  or  FeAl.  This  is  despite  the  finding  that  CoAl  and 
NLAl  have  similar  seif  diffusion  rates  at  these  high  temperatures*.  One  possibility  for  the 
enhanced  strength  of  CoAl  may  be  differences  in  the  dislocation  slip  behavior  with  the  other  B2 
aluminides. 

The  dislocation  behavior  has  oeen  smdied  e.xtensiveiy  in  both  NiAl  (for  review  see  [5]) 
and  FeAi'^’.  In  NLAl.  slip  generally  occurs  through  the  motion  of  <100>  dislocations  on  either 
{001}  or  {011}  planes  at  both  low  and  high  temperature.  <11 1>  slip  can  normally  only  be 
activated  below  ambient  temperature  or  by  onenting  single  crystals  to  "hard”  orientations.  In 
contrast,  B2  FeAl  deforms  exclusively  by  <11 1>  slip  at  low  to  moderate  temperatures,  with  a 
distinct  transition  to  <100>  slip  at  higher  temperatures. 

Unlike  NiAl  and  FeAl.  disiocaaon  observations  have  been  extremely  limited  for  CoAl. 
The  tirst  imaging  of  dislocations  in  CoAl  was  reported  by  Hocking,  Strutt  and  Dodd^  who  studied 
creep  deformed  single  erv'stais.  .Mthough  no  analysis  was  periormed.  this  group  assumed  the 
dislocations  were  <100>  as  the  observed  structures  were  very  similar  to  those  observed  in  NiAl. 
However,  <1 1 1>  edge  dislocations  have  been  renoned  in  addition  to  <100>  edge  dislocations  in 
poiycrv'stalline  Co-49. 3aNTAl  extruQed  at  1505  Somewhat  surorisingiy  and  in  contrast  to 

NiAl.  Dreiles"  found  that  <11 1>  slip  dominated  the  deformation  of  single  crystals  at  ambient 
temperature.  Only  m  cr/stais  onentea  near  (111]  were  <1(X)>  dislocations  activated.  In  [011] 
onented  single  crystals  the  present  authors'^  found  only  <i00>  edge  and  screw  dislocations  in 
stoichiometric,  Co-nch  ana  .Al-rich  alloys  deformed  at  673  K. 


J.  Horton  et.  al.  ed.s.,  MRS  Proceedings,  Vol.  364 
(1995)  (in  press). 


As  the  disiocation  structures  in  single  crystal  CoAl  have  been  characterized  at  low  to 
moderate  temperatures,  the  purpose  of  the  present  study  is  to  characterize  the  dislocations  which 
are  involved  in  the  high  temperature  deformation  of  CoAl.  To  this  end,  orienteo  single  crystals 
of  CoAl  with  Co-rich,  stoichiometric  and  Al-rich  chemistries  have  been  smdiecL 


EXPERIMENTAL  PROCEDURES 

The  maTftriak  used  in  this  study  were  single  crystals  of  B2  CoAl  with  compositions  Co- 
50at.%Al  (hereafter  Co-50A1),  Co-48Al,  and  Co-52Al.  Nominally  3x3x9  mm  compression 
samples  were  electro-discharge  machined  (EDM)  from  crystals  which  had  been  oriented  using 
back-reflection  Laue.  The  compression  samples  were  mechanically  ground  and  electro-polished 
to  remove  any  surface  damage.  Deformation  was  performed  in  vacuum  at  1300  K  (one  specimen 
was  deformed  at  1000  K)  at  a  nominal  strain  rate  of  2x1  (T*  to  approximately  5%  plastic  strain. 
3mm  disks  cut  from  oriented  sections  were  electropolished  for  TEM  observation  in  a  twin  jet 
polisher  at  -30°C  with  an  8%  perchloric  acid  in  methanol  electrolyte  and  a  voltage  of  10  V. 

Dislocation  structures  were  characterized  using  standard  diffraction  contrast  methods 
(g»b=0  and  g»bxu=0  methods).  However,  because  of  the  elastic  anisotropy  of  CoAl,  the  results 
of  these  studies  were  at  times  inconclusive.  Thus  in  order  to  conium  the  analyses,  image 
simulations  were  performed  usmg  the  method  of  Head  et.  al.''*.  The  details  of  the  input 
parameters  for  these  simulations  are  given  elsewhere^^. 


RESULTS  AND  DISCUSSION 

The  disiocation  substructure  was  characterized  in  the  various  CoAl  alloys  with  orientations 
of  [123],  [Oil]  and  [Oil]  deformed  at  1300  K,  and  in  one  additional  [Oil]  oriented  Co-50A1 
sample  compressed  at  1000  K  (see  Table  I).  Space  constraints  prevent  the  presentation  of  a 
detailed  analysis  of  all  of  these  conditions.  However,  a  representative  analysis  will  be  presented 
along  with  suinmaries  of  the  general  effects  of  variations  in  stoichiometry,  crystal  orientation  and 
deformation  temperature.  _ 

An  analvsis  of  the  deformauon  substructure  for  the  [123]  onented  Co-50A1  deformed  at 

1300  K  is  presented  Fig.  i.  While  the 
structure  is  charactenzed  by  a  relatively 
low  dislocation  density,  die  dislocations 
which  are  present  have  a  wide  variety 
characteristics  including  a  number  of 
different  Burgers  vectors  and 
orientations.  Dislocations  with  three 
different  Burgers  vectors,  examples  of 
which  are  labeled  a.  b.  and  c  in  Fig.  1, 
have  been  identified.  In  general,  the 
majority  of  the  dislocations  were  the 
•ype  labeled  c.  with  smaller  numbers  of 
type  i  and  b  oisiocations.  The 
dislocations  labeled  a  have  a  general  line 
direcuon  of  [100]  _and  display  weak 
contrast  for  2=1 200)  and  (211), 


Table  I.  Combinations  of  CoAl  Alloy  Stoichiometry, 
Deformation  Temperature,  and  Crystal  Orientations 
Characterized  by  TEM. 


CO-50A1 

[123] 

i  1300  K 

" 

[123] 

i  1000  K  ! 

■' 

[001] 

;  1300  K  ; 

■■ 

[0111 

i  1300  K  ' 

CO-52A1 

[0111 

1300  K  1 

CO-48A1 

[Oil] 

1300  K 

Figure  1.  TEM  bright  field  images  of  dislocations  generated  in  [123]  oriented  Co-50A1  deformed 
at  1300  K. 

indicating  a  Burgers  vector  of  b=(0lT].  These  dislocations  were  observed  both  as  isolated 
dislocations  and  as  pan  of  dislocation  reactions.  Figure  2  shows  an  indexed  junction  of  two 
<100>  dislocations  interacting  to  form  a  <110>  dislocation  by  the  following  reaction: 

a[00n  +  a[010]  =  a[011].  (1) 

Conversely,  this  may  actually  be  a  decomposition  of  a  <110>  dislocation  into  two  <100> 
dislocations.  It  was  not  possible  to  obtain  significant  invisibility  for  more  than  one  reflection  for 
either  dislocations  b  or  c.  For  example,  dislogitions  b  display  weak,  dotted  contrast  for  g=(110) 
and  dislocations  c  are  out  of  contrast  for  g=(01 1),  but  neither  dislocation  type  is  clearly  invisible 
in  the  other  figures.  Thus  it  was  necessary  to  use  image  simulation  to  fully  characterize  these 
dislocations.  Figure  3  displays  a  senes  of  simulations  related  to  the  imaging  of  dislocations  b. 
Analysis  of  this  figure  iea^  to  the  conclusion  that  dislocations  b  have  b=[lll]  and  are  mixed 
in  character  lying  on  the  (101)  plane.  This  conclusion  is  consistent  with  the  limited  invisibility 
observed  for  these  dislocations.  It  should  be  noted  that  the  experimental  and  simulated  images 
do  not  match  penectiy  because  the  experimental  dislocations  are  not  entirely  isolated  from  other 
dislocations  and  because  the  actual  dislocation  lines  are  not  entirely  straight.  Dislocations  c  are 
simulated  in  fig.  4.  These  dislocations,  which  are  in  the  majority,  are  found  to  h^e  b=[100]  and 
are  edae  in  character.  Thus,  a  complete  analysis  of  Co-50A1  deformed  in  the  [123]  orientation 
at  1300  K  reveals  a  mix  of  dislocations  including  <100>,  <110>  and  <11 1>  dislocations. 

While  the  above  analysis  outlines  the  general  nature  of  the  dislocations  observed  in  this 


study,  it  is  worth  noting  the  effect  of  various 
experimental  parameters  on  this  behavior.  In 
particular,  it  should  be  pointed  out  that  <11 1> 
dislocations  were  not  observed  under  any 
other  conditions. 

Effect  of  Crystal  Orientation 

The  effect  of  the  orientation  of  the 
deformation  axis  on  the  nature  of  the 
dislocations  was  examined  by  varying  the 
deformation  axis  to  (Oil)  and  (001)  for  the 
stoichiometric  Co-50A1  deformed  at  1300  K. 
In  the  (Oil)  orientation,  the  Schmid  factor 
(see  table  H)  on  the  <100>{010]  shp  systems 
is  maximized,  and  this  is  reflected  in 
activation  of  both  b=[100]  and  b=[010]  edge 


Figure  2.  Detail  of  a  dislocation  reaction 
observed  in  [123]  Co-50A1  deformed  at  1300  K. 


Expenmentai  b=a[001]  b=a[110]  b=aj  1 1 1  j  b=ai  1 1 1 


Figure  3.  Experimental  and  simulated  images  of  b=f  111]  dislocation  in  [123]  oriented  Co-50A1 
deformed  at  1300  K. 

dislocations.  Some  prismatic  [001]  loops  are  also  observed.  Consistent  with  the  lower  Schmid 
factors  on  other  slip  systems,  no  <1 1 1>  dislocations  are  observ'ed  in  this  orientation.  However, 
unlike  the  observations  at  673  K.  small  numbers  of  <110>  dislocations  were  observed  as  part  of 
dislocation  junctions.  When  the  deformation  axis  is  changed  to  (001).  the  structure  is 
characterized  by  areas  in  which  b=[100]  and  b=[010]  edge  dislocations  are  the  predominant 
dislocation,  and  other  areas  where  b=[0111  and  b=[1011  edge  dislocation  are  in  the  majority. 
Overall,  the  density  of  <110>  dislocations  is  much  larger  in  this  onentation.  .A  possible 
explanation  for  this  interesting  deformation  structure  is  that  in  the  (001)  orientation,  the  Schmid 
factor  for  <100>(010}  slip  is  extremely  low.  Hence  it  is  possible  to  activate  slip  of  <110> 
dislocations,  despite  the  fact  they  may  have  higher  critical  resolved  shear  stresses.  However,  as 
deformation  continues,  the  crystal  orientation  rotates  away  from  [001],  leading  to  the  activation 


Fieure  4.  Summary  of  image  simulations  for  b=[100]  dislocations. 


of  <100>{010}  as  the  Schmid  factor  increases.  Consistent  with  this  explanation,  kinking  of  the 
[001]  samples  was  observed.  An  interesting  observation  is  that  many  long  <110>  dislocations 
are  involved  in  junctions  with  <100>  dislocations.  It  may  be  that  as  <100>  slip  becomes  more 
favorable,  the  <110>  dislocations  decompose  to  lower  energy/lower  critical  resolved  shear  stress 
<100>  dislocations.  Such  decomposition  has  been  observed  in  NiAl'^'^. 

Effect  ofCo-Al  Alloy  Stoichiometry 

The  effect  of  alloy  stoichiometry  was  smdied  by  examining  [Oil]  oriented  alloys  with  48, 
50  and  52A1  deformed  at  1300  K.  In  all  of  these  alloys,  <100>(010)  edge  dislocations  were  the 
predominant  dislocation  type,  but  shon  <110>  dislocations  involved  in  junctions  of  <100>  were 
again  observed.  In  contrast,  only  <100>{010)  slip  was  observed  for  the  same  materials  deformed 
at  673  K  in  this  orientation  in  a  previous  study'^.  The  dominance  of  <100>  dislocations  in  these 
ailovs  mav  be  a  conseauence  of  the  selection  of  [Oil]  as  the  deiormation  axis.  .As  substantial 

<110>  and  limited  <11 1>  slip  have  been 
observ'ed  in  this  and  other  smdies  of  CoAl 
alloys,  it  may  be  that  selection  of  another 
orientation  may  result  in  significant  activation 
of  non-<100>  slip  in  off  stoichiometric  CoAl 
single  ciystals. 

Effect  nf  Deformation  Temperature 

In  order  to  examine  the  effect  of 
temperature.  [123]  onented  Co-50A1  was 
deformed  at  1000  K.  In  contrast  to 
deformation  in  this  onentation  at  1300  K.  no 
<11 1>  dislocations  were  observed  at  1000  K. 
The  deformation  structure  is  characterized  by 
<100>  dislocations  and  small  numbers  of 
<110>  junctions.  It  is  important  to  contrast 


Table  II.  Schmid  Factors  for  the  Observed  Slip 
Systems  and  Expenmental  Compression  Axes. 


slip 

system 

<100> 

[010] 

<110> 

[112] 

,  -  4 

i  <111>  j 

1  [0111  i 

Comp. 

S.F. 

S.F. 

!  SF  li 

Axis 

i  il 

[001] 

0.00 

0.289 

!  0.41  : 

[123] 

0.43 

0.49 

:  0.47  ; 

[Oil] 

0.50 

0.43 

I  0.41  1 

the  results  of  the  present  study  with  those  for  deformation  at  673  K.  Clearly,  deformation  at 
1000  K  and  1300  K  has  resulted  in  significant  numbers  of  <1 10>  dislocations,  particularly  in  the 
form  of  junctions.  Such  dislocations  were  not  observed  at  673  K. 

Clearly,  <100>{001 }  sUp  is  the  predominant  high  temperature  deformation  mode  in  these 
materials  under  a  variety  of  conditions  of  alloy  stoichiometry  and  crystal  orientation.  However, 
consistent  with  the  observations  in  high  temperature  extruded  polycrystalline  CoAl*®"”,  <11 1> 
and  <110>  dislocations  have  been  observed.  In  particular,  these  secondary  systems  can  be 
activated  under  conditions  where  the  slip  of  <1{X)>{(X)1 }  dislocations  are  inhibited,  such  as  hard 
orientations.  As  <100>  is  the  dominant  dislocation  type,  CoAl  slips  in  a  manner  similar  to  NiAl 
at  high  temperatures.  This  is  despite  the  much  higher  dislocation  creep  strength  of  CoAP"^.  The 
differences  in  high  temperature  strength  between  these  two  materials  might  simply  be  a  result  of 
differences  in  the  stress  necessary  to  move  the  <1(X)>  dislocations.  This  stress  may  in  turn  be 
controlled  by  the  core  structure  of  these  dislocations.  Recent  work  in  our  lab  does  indeed 
indicate  there  are  differences  in  these  structures  and  will  be  the  subject  of  a  later  paper. 


ACKNOWLEDGEMENTS 

This  work  was  supported  by  the  Office  of  Naval  Research,  through  grant  #NC)0014-90-J- 
1910,  Dr.  G.  Yoder  contract  monitor.  CoAl  single  ciy-stals  were  provided  by  Dr.  D.  Pope  and 
Dr.  W.J.  Romanow  at  The  University  of  Pennsylvania. 


REFERENCES 

1.  High-Temperature  Ordered  Intermetailic  Alloys  V,  edited  by  1.  Baker.  R.  Darolia,  J.D. 
Whittenberger  and  M.H.  Yoo,  Mater.  Res.  Soc.  Proc..  288  (1993). 

2.  L.A.  Hocking,  P.R.  Stmtt,  and  R.A.  Dodd,  J.  of  Int.  Met.,  99,  98  (1971). 

3.  J.D.  Whittenberger.  Mat.  Sci.  and  Eng.,  73,  87  (1985). 

4.  J.D.  Whittenberger,  .Mat.  Sci.  and  Eng.,  85,  91  (1987). 

5.  D.B.  Miracle.  Acta  Met.  .Mater..  39.  1457  (1991). 

6.  Y.  Umakoshi  and  M.  Yamaguchi.  Phil.  Mag.  .A.  44.  711  (1980). 

M.G.  Mendiratta,  H.M.  Kim.  and  H.A.  Lipsitt.  .Met.  Trans.  15,4.  395  (1984). 

8.  M.A.  Crimp  and  K.  Vedula.  Phil.  Mag.  A.  63.  559  (1991). 

9.  P.R.  Munroe  and  I.  Baker.  J.  Mat.  Sci.  24.  4246  (1989). 

10.  D.L.  Yaney,  .4.R.  Pelton  and  W.D.  Nix.  J.  Mat.  Sci..  21.  2083  (1986). 

11.  D.L.  Yanev  and  W.D.  Nix.  J.  Mat.  Sci..  23.  3088  (1988). 

12.  C.J.  Drelles.  M.S.  Thesis.  Michigan  Technological  Univ..  (1985). 

13.  Y.  Zhang,  S.C.  Tonn  ana  .M.A.  Crimp,  Hi^h-Temperamre  Ordered  Intermetailic  Alloys 
V.  edited  bv  [.  Baker,  R.  Daroiia.  J.D.  Whittenberger  and  M.H.  Yoo.  .Mater.  Res.  Soc. 
Proc.,  288.  379  (1993). 

14.  A.K.  Head.  P.  Humole.  L..M.  Clarebrough,  ,A.J.  Morton,  and  C.T.  Forwood.  Defects  in 
Crystal  Solids,  edited  by  S.  .\meiinckx.  .North-Holland.  (1973). 

15.  Y. Zhang.  Ph.D.  Dissenation,  .Michigan  State  University  (1995). 

16.  M.J.  Mills  ana  D.B.  Miracle.  .-\cta  Metall.  Mater..  41,  85  (1993). 

17.  K.R.  Forbes.  U.  Glatzei.  R.  Daroiia.  and  W.D.  Nix.  High-Temperature  Ordered 
Intermetailic  Alloys  V’.  edited  by  I.  Baker.  R.  Daroiia.  J.D.  Whittenberger  and  M.H.  Yoo, 
Mater.  Res.  Soc.  Proc.,  288.  45  (1993). 


